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United States naval applications require the use of steels with high strength and resistance 
to fracture at low temperatures to provide good ballistic properties. In recent years, 10 wt% 
Ni steel has been developed with strength and toughness values exceeding those of steels 
currently used, and is now being considered as a candidate material to replace existing 
high-strength, low alloy steels. This steel has excellent toughness from the mechanically 
induced transformation of interlath austenite films to martensite. These austenite films are 
formed via a carefully developed quenching, lamellarizing, and tempering heat treatment. 
However, before 10 wt% Ni steel can be implemented for full-scale applications, the effects 
of the rapid heating and cooling rates associated with welding thermal cycles on phase 
transformations and mechanical properties must be understood. In this research, a 
fundamental understanding of phase transformations and mechanical properties in the heat-
affected zone of fusion welds in 10 wt% Ni steel was developed through heating and 
cooling rate dilatometry experiments, gas tungsten arc welding, and simulation of gas metal 
arc welding.  
 
First, an investigation into the effects of heating and cooling rate on the phase 
transformations in 10 wt% Ni steel was performed.  The Ac1 and Ac3 temperatures during 
heating were determined as a function of heating rate, and sluggish transformation during 
fast heating rates manifested itself as a high Ac3 temperature of 1050°C as opposed to a 
temperature of 850°C at slow heating rates. A continuous cooling transformation diagram 
produced for 10 wt% Ni steel reveals that martensite will form over a very wide range of 
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cooling rates, which reflects a very high hardenability of this alloy. This is significant 
because the range of cooling rates for which the diagram was constructed over easily covers 
the range associated with fusion welding, so there would not be the need for precise control 
over the weld processing conditions. The microstructures observed in a single pass gas 
tungsten arc weld were rationalized with the observations from the heating and cooling rate 
experiments. The microhardness of gas tungsten arc weld is highest in the intercritical heat 
affected zone, which is unexpected based on the usual behavior of quench and tempered 
steels. The hardness of the heat affected zone is always higher than the base metal which 
is a promising outcome. 
 
Having understood the overall effects of heating and cooling on the phase transformations 
in 10 wt% Ni steel, the microstructure and mechanical property evolution through the heat 
affected zone was investigated. A Gleeble 3500 thermo-mechanical simulator was used to 
replicate microstructures observed in the gas-tungsten arc weld, and the microstructural 
factors influencing the strength and toughness in the simulated heat affected zone samples 
were correlated to mechanical property results. The strength is the highest in the 
intercritical heat-affected zone, mostly attributed to microstructural refinement. With 
increasing peak temperature of the thermal cycle, the volume fraction of retained austenite 
decreases. The local atom probe tomography results suggest this is due to the 
destabilization of the austenite brought on by the diffusion of Ni out of the austenite. There 
is a local low toughness region in the intercritical heat-affected zone, corresponding to a 
low retained austenite content. However, the retained austenite is similarly low in higher 
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peak temperature regions but the toughness is high. This suggests that while 10 wt% Ni 
steel is a TRIP-assisted steel and thus obtains high toughness from the plasticity-induced 
martensite to austenite transformation, the toughness of the steel is also based on other 
microstructural factors. Overall, the results presented in this work have established, for the 
first time, the effects of rapid heating and cooling on the phase transformations and 
mechanical properties in 10 wt% Ni steel, and have started to identify the microstructural 

































United States naval applications necessitate the use of steels with high strength and 
resistance to fracture at low temperatures to provide good ballistic properties. In recent 
years, 10 wt% Ni steel has been developed with ballistic resistance, strength, and toughness 
values exceeding those of steels currently used, and is now being considered as a candidate 
material to replace existing high-strength, low alloy steels. The chemical composition of 
10 wt% Ni steel is 0.1C, 9.64Ni, 1.53Mo, 0.06V, 0.65Cr, 0.64Mn, and 0.18Si, in wt%. The 
yield strength in the fully heat treated condition is 130 ksi and the Charpy impact toughness 
at -84°C is 106 ft-lbs1. The steel obtains high strength from the formation of martensite and 
secondary hardening metal carbides, and good toughness from the addition of nickel and 
the mechanically induced transformation of austenite to martensite, known as the 
transformation-induced-plasticity (TRIP) phenomenon1. It is known that the ductile-brittle 
transition temperature is well below room temperature in nickel-containing steels because 
cross slip is enhanced at high strain rates and/or low temperatures, producing more work 
hardening2,3.  
During the construction of naval combatant ships, one of the most important 
fabrication steps is fusion welding. However, fusion welding involves severe thermal and 
strain cycles that could significantly affect the microstructure of the heat-affected zone 
(HAZ) and fusion zone, which almost always results in a reduction of properties in these 
areas. In fact, it is possible for the property reduction to be so significant that limitations 
are placed on the alloy for the intended use. Thus, although it has already been proven that 
this steel has excellent mechanical properties that could provide significant advantages to 
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the US Navy, 10 wt% Ni steel cannot yet be implemented for full scale use; a fundamental 
understanding of the phase transformation behavior and resultant mechanical properties 
under high heating and cooling rates during fusion welding must first be developed. Note: 
Since 10 wt% Ni steel is a relatively new alloy, sparse literature exists on this particular 
alloy composition. Therefore, much of the pertinent literature that will be discussed is 
based on 9 wt% Ni steels. 9 wt% Ni steel is similar to 10 wt% Ni steel in composition, 
mechanical properties, and applications. It was first produced in the United States during 
the 1940s and has found great success in its most used application of liquefied natural gas 
storage tanks because of its impressive impact toughness at cryogenic temperatures4. 
Modern 9 wt% Ni steel typically has a low alloy content of <1 wt% Mn, <0.5 wt% Si, <0.1 
wt% C; it usually does not contain Mo or Cr, so there is no secondary hardening reaction 
from the formation of carbides4–6. 
 
1.2. Microstructure and Mechanical Properties of 10 wt% Ni Steel 
1.2.1. TRIP Steel  
TRIP steels were discovered in the 1960s by Zackay et al.7. The TRIP principle 
takes advantage of the formation of martensite from austenite during plastic deformation8. 
The progressive formation of martensite in the presence of stress or strain causes a higher 
rate of work hardening and relieves stress concentrations; the resulting consequences are 
increases in strength, ductility, and toughness8,9. To accomplish this, the alloy content is 
selected such that austenite is stable at room temperature. The Md is the temperature below 
which plastic strain can induce the austenite to martensite transformation, and it is above 
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the Ms, which is the temperature where martensite starts to form because of a 
thermodynamic driving force10. TRIP steels are designed to be used at temperatures 
between the Md and Ms, so that the transformation does not occur spontaneously, but 
instead occurs during plastic deformation11. There are two varieties of TRIP steels: ones 
that contain large amounts of austenite-stabilizing elements to produce a microstructure 
that is totally austenitic are TRIP steels; those in which austenite is a minor phase but can 
still experience the martensite transformation under applied plastic strain is called a TRIP-
assisted steel. Since the base metal of 10 wt% Ni steel contains 16.4 vol% retained austenite 
and the rest of the matrix is martensite1, 10 wt% Ni steel is identified as a TRIP-assisted 
steel.  
Most TRIP and TRIP-assisted steels use silicon and manganese as austenite 
stabilizers, however, 10 wt% Ni steel uses nickel as the austenite stabilizer12. Normally 
with TRIP-assisted steels, the desired microstructure is retained austenite in either a ferritic 
or bainitic matrix13. Ni, although an austenite stabilizer, is also known to increase the 
hardenability of an alloy by shifting the proeutectoid and pearlite transformation to longer 
times, thereby producing martensite14, so using Ni as an austenite stabilizer will create a 
matrix of martensite instead of ferrite or bainite. While this is usually not desired, for the 
intended naval applications of 10 wt% Ni steel, it is necessary for the matrix to be 
martensite to provide the necessary strength in addition to toughness. The success of the 
TRIP principle hinges on the stability and volume fraction of retained austenite. The 
stability and volume fraction of retained austenite is determined by composition, as 
described above, but more important is the heat treatment to produce the austenite.  
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1.2.2. QLT Heat Treatment   
The processing of steels to obtain TRIP behavior can be accomplished with several 
thermo-mechanical treatments depending on the desired final microstructure8. This 
particular 10 wt% Ni steel obtains the necessary retained austenite for the TRIP mechanism 
through a quenching, lamellarization, and tempering (QLT) heat treatment schedule. QLT 
heat treatments were originally developed for lower Ni steel such as 5.5 wt% Ni steel, but 
have been adapted for higher Ni content steels in the last twenty years15–22. The quenching 
step (Q) involves heating in the single phase γ region, and both the lamellarization step (L) 
and  tempering treatment (T) are conducted between the Ac1 and Ac3 temperatures in the 
two-phase (α + γ) field21; for this particular 10 wt% Ni steel, these temperatures correspond 
to 780°C for Q, 650°C for L, and 590°C for T, each step ending with a water quench.  
The complex QLT process is necessary because studies have shown that it is the 
most successful way to generate the highest content of stable retained austenite even at low 
temperatures. The Q treatment is responsible for generating a lath martensite 
microstructure, which provides high strength of the alloy15. During the L treatment, 
austenite forms on the prior austenite grain boundaries and becomes enriched in austenite-
stabilizing elements including C, Ni, and Mn via diffusion. Upon quenching, austenite 
transforms to fresh martensite, but this martensite contains the austenite stabilizing 
elements, whereas the martensite formed during the Q process does not20,22. The L process 
also refines the lath width, allowing a fine distribution of austenite throughout the alloy20,21. 
The fresh martensite created during the L treatment has a lower Ac1 than the tempered 
martensite from the Q treatment, so during the T treatment, it transforms to austenite, and 
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with continued diffusion of the stabilizing elements during the T treatment, the austenite is 
stable enough to be maintained at room20,22.  
 
1.2.2.1. Effects of QLT Heat Treatment on 10 wt% Ni Steels 
10 wt% Ni steel was developed at the Naval Surface Warfare Center Carderock 
Division (NSWCCD) with the intent of developing an alloy that would outperform existing 
steels with respect to ballistic resistance, strength, and toughness23. Figure 1-1 shows the 
ballistic limit V50B versus the yield strength, tensile strength, percent elongation, and 
Charpy impact energy. The ballistic limit V50B is defined as the velocity at which 
penetration of a target with a projectile will occur 50% of the time. This figure shows that 
the optimal QLT 10 wt% Ni steel has a better combination of V50B ballistic limit and 
mechanical properties as compared with non-QLT nickel steels and QLT steels of lower 
nickel content. The microstructures of 10 wt% Ni steel that experienced different heat 
treatments were also investigated and are presented in Figure 1-2. The sample that was 
quenched and tempered (QT) consists of as-quenched lath martensite, the sample that was 
quenched and lamellarized (QL) has long rods of mixtures of martensite and austenite 
(M+A), and finally, the sample that was quenched, lamellarized, and tempered (QLT) has 
finer M+A rods in a ferrite matrix. Therefore, the microstructure of the QLT treated 10 
wt% Ni steel is identified as tempered lath martensite with retained austenite. These 
microstructures showed that the austenite forms during the L process, but the T process is 
needed to refine the austenite precipitates. There is a 20% V50 ballistic limit difference 
between the QL and QLT sample, showing the necessity for the QLT treatment of 10 wt% 
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Ni steel. Based on these results, the improved ballistic performance of QLT treated 10 wt% 
Ni steel is due to the austenite to martensite transformation and dynamic strain hardening.  
Research at Northwestern University established the fundamental knowledge about 
the composition of the austenite formed during the QLT heat treatment of 10 wt% Ni steel1. 
Using synchrotron X-ray diffraction (XRD), the volume fraction of austenite in the fully 
QLT condition was determined to be 16.4 volume percent. The SEM micrographs in Figure 
1-3 confirm the microstructure of tempered lath martensite, with the M + A rods clearly 
visible in the higher magnification SEM micrograph. Figure 1-3B indicates that the M+A 
rods are parallel. The actual austenite lamellae are visible in the transmission electron 
microscope (TEM) images in Figure 1-4, as indicated by arrows. The austenite lamellae 
are parallel, which is consistent with their formation along the martensite lath boundaries. 
Local-electrode atom-probe (LEAP) tomography in Figure 1-5 revealed that austenite is 
enriched in Ni, Mn, Cu, C, and Cr, which was also validated by proximity histogram 
concentration profiles. The partitioning of Ni to the austenite was expected since Ni is an 
austenite stabilizer, however, the tomography also revealed that there was substantial 
partitioning of Ni at the austenite/martensite interface, a result of the tempering part of the 
heat treatment. Both vanadium-rich metal-carbonitride precipitates and M2C carbides were 
found in the austenite plates and at the austenite/matrix interfaces; the presence of the metal 
carbides surrounding the austenite laths is evident in the TEM image in Figure 1-4B. An 
important discovery from this research is that even at the relatively long heating times, 
equilibrium is not obtained as proven by the segregation of elements in the austenite and 
martensite phases; if equilibrium cannot even be obtained at long heating times, the effects 
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of welding could be even more detrimental, thus establishing the basis for this proposed 
research. 
 
1.2.2.2. Effects of QLT Heat Treatment on 9 wt% Ni Steels 
 Research on 9 wt% Ni steels that were QLT heat treated focused on the 
precipitation and stability of the retained austenite. The thermal stability of retained 
austenite is determined by the chemical composition and size of the austenite, and based 
on these factors, the austenite will transform to different morphologies of martensite. 
Austenite that is coarse transforms to twinned martensite; twinned martensite results in 
lower toughness when compared with lath martensite, and therefore, fine austenite is 
preferred16. This demonstrates the importance of the lamellarization portion of the heat 
treatment, as the lath width is refined, allowing fine austenite to form20,21. Fultz et al.24 
showed that nickel has a low diffusivity in austenite, so it is contained in the outermost 
regions of the austenite, which are the last to form. Therefore, the outer regions of the 
austenite are the most stable. They also asserted that the austenite forms on lath boundaries 
and prior austenite grain boundaries because these are low energy locations for 
heterogeneous nucleation, so it is necessary to keep the lath and prior austenite grain size 
as fine as possible. When fracture toughness tests were performed on 9 wt% Ni steel, the 
austenite transformed to sub-micron size dislocated martensite, which did not embrittle the 
alloy and promoted low temperature toughness, thereby proving the success of the TRIP 




1.2.3. Other microstructural effects on strength and toughness  
 Though the strength and toughness attained through the TRIP process is important, 
it is expected that there will be other microstructural influences on the strength and 
toughness. It is widely accepted that the yield strength of steels containing lath martensite 
is based on the contributions of five factors:  
𝜎𝑦𝑠 = 𝜎0 + 𝜎𝑠 + 𝜎𝜌 + 𝜎𝑔 + 𝜎𝑝 (1) 
where σ0 is the friction stress to move dislocations in pure Fe, σs is the contribution from 
solid solution strengthening, σρ is the dislocation density strengthening, σg is the grain 
boundary strengthening, and σp is strengthening from precipitates25. Since the σ0 term is 
expected to be constant across a weld, only the other four factors will be discussed below.  
 
1.2.3.1. Grain boundary contribution, σg 
 To understand the strength and toughness contribution of grain boundaries in lath 
martensite, the crystallography of the martensite must first be understood. Martensite is a 
high strength phase formed from the athermal diffusionless transformation of austenite to 
martensite during rapid cooling. The temperature at which martensite begins to form, called 
the Ms temperature, represents the amount of thermodynamic driving force to start the shear 
transformation. The Ms temperature is a function of composition and alloying elements 
nearly always lower this temperature. The fraction of martensite transformed is not 
dependent on thermal activation, but rather is dependent on the undercooling below the Ms 
temperature. Because of this, the amount of martensite transformed is also not dependent 
on time, which explains why martensite is formed at such rapid cooling rates. However, 
13 
 
these rapid cooling rates do not permit diffusion, so martensite forms by a shear 
mechanism, known as a displacive transformation. Since the transformation is 
diffusionless, the product martensite has the same composition as the parent austenite. 
Additionally, since martensite forms by a shear mechanism, the formation revolves around 
the coordinated movement of atoms so the parent austenite and product martensite lattices 
are related26,10.  
 The parent austenite and product martensite are related by two crystallographic 
characteristics10. The first is the orientation relationship between the crystal structure of the 
austenite and martensite, which describes planes and directions of the parent austenite that 
are parallel to planes and directions in the martensite that forms. There are two well-known 
orientation relationships for ferrous martensites – the Kurdjumov-Sachs relationship and 
the Nishiyama relationship27. The Kurdjumov-Sachs relationship is usually found in steels 
containing up to 0.5wt% carbon26, so since 10 wt% Ni steel has 0.1wt% carbon, it is 
expected to follow this orientation relationship, so the Nishiyama relationship will not be 
considered. The other crystallographic characteristic is the habit plane, which is the plane 
in the parent austenite that the martensite forms and grows on. Much like the orientation 
relationship, the habit plane is a function of carbon content10.  
 In addition to the orientation relationship and habit plane, the carbon content 
determines the morphology of martensite that will form. There are two morphologies of 
martensite that can form in steels, lath and plate martensite. Figure 1-6 shows the ranges 
of carbon over which lath and plate martensite form28. Since 10 wt% Ni steel contains 0.1 
wt% C, only lath martensite will be discussed. Lath martensite is named for its so-called 
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“stacks of board-shaped crystals of martensite10”. Figure 1-7 shows a schematic of the 
microstructural hierarchy of lath martensite29. The smallest microstructural feature is the 
lath. Groups of laths with the same crystallographic directions parallel are known as blocks, 
and each block is referred to as a “variant”. Blocks that have the same habit planes that are 
parallel are known as packets. Based on the Kurdjumov-Sachs relationship, it is possible 
to have four different packets in one prior austenite grain, and within each packet, six block 
variants are possible. Therefore, in a prior austenite grain, it is possible to have 24 different 
variants. Table 1-1 provides a summary of the 24 crystallographic variants for the 
Kurdjumov-Sachs orientation relationship in low-carbon lath martensite. The 
misorientation between the 24 different variants can be determined, and the last column of 
Table 1-1 shows the misorientation angle between V1, the first variant, and every 
subsequent variant29,30.  
 Until recently, the only way to observe the microstructural hierarchy of lath 
martensite was with TEM. However, the advent of electron backscattered diffraction 
(EBSD) has allowed blocks and packets to be observed over much larger areas than 
previously with TEM, and has allowed researchers to correlate charges in the morphology 
to strength. It has been determined that in lath martensite, the features that act as barriers 
to dislocations and therefore provide strengthening are the blocks and packets31,32. As 
shown in Table 1-1, the minimum misorientation angle between different variants is 
10.53°. Therefore, the majority of misorientation angles between variants are considered 
high-angle boundaries because the transition between low- and high-angle boundaries is in 
the region of 10-20°. It is also known that the misorientations between laths are low-angle 
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boundaries, usually 2.8-2.9°33. For several types of steel, researchers have performed 
EBSD on lath martensite and have processed the results to highlight boundaries with 
misorientations greater than 10 or 15°, thereby only surveying block and packet 
boundaries, which provide strengthening, and ignoring lath boundaries which do not29–31,33–
35. Figure 1-8 shows an example EBSD inverse pole figure map of lath martensite in a 0.2 
wt% C steel30. The black lines on the figure show boundaries with misorientations greater 
than 10°. The red lines show the packet boundaries and the white lines show the prior 
austenite grain boundaries. Using inverse pole figure maps, the boundary strengthening of 
lath martensite, or the σg term of Equation 1, can be determined.  
 Since the blocks and packets are the strengthening units in lath martensite, the size 
of these features are the effective grain size in lath martensite, and the strengthening 
follows the Hall-Petch relationship36,37. The packet and block sizes are directly dependent 
on the prior austenite grain size, as shown in Figure 1-938.  Different methods of measuring 
the block and packet size from the EBSD maps have been developed31,34,35. Morito et al.31 
measured the block width directly on the maps and measured the misorientation angle with 
Kikuchi pattern analysis for a Fe-0.2C-0.2Mn alloy.   Ueji et al.34 used the total length of 
the high-angle boundaries on the EBSD maps and the area of the EBSD map to determine 
a mean intercept length for a Fe-0.13C alloy. Yu et al.35 measured the blocks and packets 
to calculate an average slip plane length for Blastalloy 160. Despite differences in the 
measurement methods, the results from Yu et al.35 and Morito et al.31 both showed that 
decreases in the block and packet size resulted in increases in strength (Ueji et al.34 did not 
calculate the yield strength). Figure 1-10 shows Hall-Petch type plots of yield strength vs 
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reciprocal square root of (A) packet size and (B) block size, and indicate that strength 
increases with decreasing packet and block size. The data for the Fe-0.2C alloy shown on 
the plots in Figure 1-10 are from Swarr and Krauss39. So in summary, for grain boundary 
strengthening in lath martensite, the strengthening does not come from the prior austenite 
grains, but rather from the packets and blocks which are separated by high-angle 
boundaries.  
The grain boundary effect on toughness has also been determined in lath martensite. 
Naylor32 studied the influence of the lath morphology on the strength and toughness of a 
variety of steels and a variety of heat treatments. His results showed that decreasing the 
packet size and/or lath width of bainitic-martensitic steels lowered the ductile to brittle 
transition temperature (DBTT), thereby improving the toughness. This improved 
toughness with decreased packet size occurs because major cleavage crack deviations 
occur at the packet boundaries, and with a finer packet size, there are more packet 
boundaries to act as obstacles to cleavage cracks. Concomitant with the improved 
toughness, the strength also improved, as described by the proceeding paragraphs. 
Therefore, microstructural refinement increases both the strength and toughness. 
 
1.2.3.2. Dislocation density strengthening, σρ 
 During the displacive transformation of austenite to martensite, the martensite is 
created by lattice deformation but constraints of the surrounding lattice accommodate the 
new martensite by lattice invariant deformation. This creates a high density of dislocations 
in the martensite for alloys with low carbon contents such as 10 wt% Ni steel10. In fact, this 
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density of dislocations is reported to be as high as in heavily cold worked iron. This high 
density of dislocations provides an increase in strength because it inhibits dislocation 
motion during deformation40. During tempering of lath martensite, there is a reduction in 
this dislocation density and a corresponding decrease in strength and increase in ductility26.  
 
1.2.3.3. Solid solution strengthening, σs 
 In lath martensite, the element that has the greatest effect on solid solution 
strengthening is carbon. During rapid quenching from austenite, the carbon atoms are 
trapped at the interstitial sites to form the body centered tetragonal structure. These carbon 
atoms in solution pin dislocations and provide a strength increase. The higher the carbon 
concentration, the higher the hardness of the as-quenched martensite. Upon tempering, the 
carbon that was trapped in solution precipitates into carbides, which will be described 
below. For this reason, the solid solution strengthening contribution produces higher 
strength is as-quenched martensite than in tempered martensite41.  
 
1.2.3.4. Precipitate strengthening, σp 
 In as-quenched martensite for martensites with relatively high MS temperatures, 
there is a strengthening contribution from the formation of cementite during 
autotempering26. More importantly though is that in steels with alloying elements including 
Mo, Cr, V, W, and Ti, there is a secondary hardening reaction in which alloy carbides form. 
From the atom probe tomography in Figure 1-5, it is known that M2C carbides are present 
in the base metal of 10 wt% Ni steel1. During tempering of alloy steels, the cementite 
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distribution that exists in the as-quenched martensite is replaced with the formation of alloy 
carbides. The effects on strength and toughness from secondary hardening depends on the 
size and distribution of the alloy carbides. For M2C, peak hardness occurs when the rods 
are 10-20nm long and 1-2nm in diameter. The hardness increase provided by M2C is from 
the dispersion of the carbides at dislocations. However, coarsening of carbides can lead to 
a decrease in toughness, since there are less carbides to pin dislocations during 
deformation42. 
 
1.2.4. Coarse Martensite 
 Though not described by Isheim et al.1 or Zhang23, a constituent known as coarse 
martensite is present in the microstructure of 10 wt% Ni steel and can be identified by the 
arrows in Figure 1-3. This was discovered after review of similar 9 wt% Ni steels that 
possess this constituent43. This coarse martensite has been identified as two separate 
constituents in the literature: coarse autotempered martensite43–45 and coalesced 
bainite/martensite46–51. While the morphology of these constituents is the same, the 
proposed mechanism of formation is different. Figure 1-11 shows and SEM and TEM 
micrograph of “coarse autotempered martensite,”43 whereas Figure 1-12 shows SEM 
micrographs of “coalesced bainite”49. Both figures show that the morphology of the 
constituent consists of a flat surface at one end and the other end is either tapered or rough. 
These figures also show that the coarse constituent is typically 2 to 4 µm in thickness and 
can vary in length up to ~65µm, which is much larger than the usual dimensions for lath 
or plate martensite44. The low magnification SEM micrograph in Figure 1-12A exhibits a 
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similar microstructure to that of 10 wt% Ni steel shown in Figure 1-3A. Since the proposed 
mechanism of formation is different between the two terminologies for the constituent, 
each one will be described below. 
  The mechanism of formation suggested for coalesced martensite/bainite is that it 
forms from the coalescence of separately nucleated, adjacent laths that have the same habit 
plane and variant of the orientation relationship (so for martensite, laths that make up the 
same block can coalesce). This mechanism is possible to form either martensite or bainite 
depending on the starting microstructure (either bainite platelets or martensite laths will 
coalesce)46,49. This proposed mechanism of formation is supported by the TEM micrograph 
in Figure 1-13. This micrograph shows one coalesced martensite structure and there are 
four sections labeled A through D for which the boundaries between these regions are 
visible. This suggests that the sections labeled A through D were separate martensite laths 
that coalesced during cooling. Electron diffraction patterns were analyzed for the four 
original martensite laths and the results showed that there are relatively small 
misorientations between the original laths that coalesced47.  
For both proposed mechanisms, it is suggested that coarse prior austenite grain sizes 
are necessary for formation. For the autotempered position, the coarse prior austenite grain 
size is necessary because coarser grain sizes are associated with higher MS temperatures, 
which allows more time for autotempering45. For the coalescence stand point, the higher 
MS temperatures are necessary because the mechanism of coalescence is controlled by the 
driving force during transformation, so it is dependent on the transformation temperature. 
The plot of calculated driving force as a function of transformation temperature of SA508 
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Gr. 3 steel in Figure 1-14 shows that the driving force for transformation is greater at higher 
temperatures46.   
The mechanism of formation suggested for the autotempered martensite view is 
that the coarse martensite nucleates at the flat interface, indicated by point “1” on Figure 
1-11, which could either be annealing twins or austenite grain boundaries, and then grows 
outward before being terminated by the surrounding lath martensite, point “2” in Figure 
1-11. For this mechanism to work, this coarse constituent must have formed before the 
austenite in the rest of the matrix was fully transformed to the lath martensite, thus it is 
necessary for a high Ms temperature for formation
44. Fonda and Spanos43 observed in 9 
wt% Ni steel there were three orientation variants of cementite precipitates present within 
the coarse martensite, and this is shown in the inset micrograph in Figure 1-11B. This is 
significant because this would suggest that the constituent originally formed as a 
supersaturated component and the precipitation of cementite occurs during further cooling, 
which indicates that the coarse martensite forms via a martensitic transformation.  In a 
HSLA-100 steel, Fonda et al.44 performed quench and temper experiments to prove that 
the coarse constituent is martensite and not ferrite or bainite. A rapid quench produced the 
coarse constituent with a high dislocation density devoid of cementite precipitates, but a 
subsequent temper brought out the cementite while maintaining the characteristic shape of 
the constituent. This rapid quench disqualifies possible diffusional transformations 
including bainite, so the formation of this constituent via this experiment proves that the 
coarse constituent is martensite.   However in the 9 wt% Ni steel, they also recognized that 
there were regions of coarse martensite that appeared consistent with the coalescence of 
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the martensite laths43. Therefore, it is recognized that there is a need for further research 
into the mechanism of formation of coarse martensite, so from this point forward this 
constituent will be referred to as coarse martensite, not favoring one mechanism over the 
other.  
The mechanical properties of the coarse martensite were considered in the 
coalesced bainite literature, but not the autotempered martensite literature. In work by 
Keehan et al.51, the effects of increasing the nickel content in high strength steel weld 
metals was investigated. They found that increasing the nickel content promoted greater 
amounts of martensite and coalesced bainite formation. Increasing the nickel content 
increased the strength of the welds, but decreased the toughness. The loss of toughness was 
attributed to the formation of the coarse coalesced bainite.  
In summary, there are two proposed mechanisms for coarse martensite formation: 
by the coalescence of separately nucleated laths, or by nucleation and growth at a flat 
interface. This constituent has been identified in both matrix microstructures consisting of 
martensite and bainite, and despite the proposed difference in formation, the constituents 
present with the same morphology. Both mechanisms of formation require coarse prior 
austenite grain sizes. There is experimental evidence to suggest that both mechanisms of 
formation are valid, therefore more research is required to conclusively identify how this 
constituent forms. Though research on coalesced bainite suggests that the presence of this 
constituent is detrimental to toughness, it is unknown if this is also the case when the matrix 
microstructure is martensite, therefore, further characterization on the effects of this 
constituent on mechanical properties is required.  
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1.3. Weldability of 10 wt% Ni Steel 
 The effects of welding on 10 wt% Ni steel have never been studied before, thus 
providing the motivation for this research. However, it is of interest to understand the 
results of welding 9 wt% Ni steels as the steels are similar. The effect of welding on 
toughness has been studied for 9 wt% Ni steel. Nippes and Balaguer4 used Gleeble thermal 
simulation to determine how three different HAZ peak temperatures of 500°C, 1000°C, 
and 1300°C affect mechanical properties, and the results are summarized in Table 1-2. 
With increasing peak temperature, the retained austenite content decreased with little 
retained austenite present for the 1000°C and 1300°C peak temperatures. This decrease in 
retained austenite resulted in a large reduction of toughness. For shielded metal arc welds 
(SMAW) of 9 wt% Ni steel, the same trend of was observed as shown in Figure 1-15; as 
distance from the fusion line increases, the average amount of retained austenite increases, 
which correlates with increasing impact toughness through the HAZ. The reason for the 
small amount of retained austenite near the fusion line is the large prior austenite grain size 
in the coarse grained HAZ (CGHAZ), which limits the number of nucleation sites for 
austenite17,52. The same authors conducted additional research on the CGHAZ of multi-
pass welds, and categorized the CGHAZ into sub-zones based on the temperatures 
experienced during subsequent weld passes. The lowest impact toughness was reported in 
the inter-critical CGHAZ (IC CGHAZ) as shown in Figure 1-16, so the IC CGHAZ is 
designated as a local brittle zone (LBZ) because of both low retained austenite content and 
the high carbon content of the martensite-austenite (M-A) constituent found in this 
region19. This mechanism for producing low toughness is commonly seen, as Davis and 
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King53 found similar LBZ’s in the IC CGHAZ of other steels, which was also attributed to 
the M-A constituent. This knowledge of the effects of multi-pass welding is useful as 10 
wt% Ni steel will most likely be welded using multiple passes for full-scale naval 
applications.  
 
1.4. Summary and Objectives 
 It has been discussed that 10 wt% Ni steel has superior ballistic resistance, strength, 
and toughness compared with steels currently used, and is now being considered as a 
candidate material for naval applications. However, welding studies have never been 
performed on this steel, and fusion welding is one of the most important fabrication steps 
during the fabrication of naval applications. As was shown for 9 wt% Ni steels, often there 
is a reduction of properties in the heat-affected zone of welds because of the severe thermal 
and strain cycles associated with welding. With this challenge of welding thermal cycles 
in mind, the overall objective for this research is to develop an essential understanding of 
the phase transformations and mechanical properties in 10 wt% Ni steel associated with 
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Table 1-1. Summary of the crystallographic variants for the Kurdjumov-Sachs orientation 











[1̅01]𝛾//[1̅1̅1]𝛼′  --- 
V2 [1̅01]𝛾//[1̅11̅]𝛼′  60.00 
V3 [011̅]𝛾//[1̅1̅1]𝛼′  60.00 
V4 [011̅]𝛾//[1̅11̅]𝛼′  10.53 
V5 [11̅0]𝛾//[1̅1̅1]𝛼′  60.00 




[101̅]𝛾//[1̅1̅1]𝛼′  49.47 
V8 [101̅]𝛾//[1̅11̅]𝛼′  10.53 
V9 [1̅1̅0]𝛾//[1̅1̅1]𝛼′  50.51 
V10 [1̅1̅0]𝛾//[1̅11̅]𝛼′  50.51 
V11 [011]𝛾//[1̅1̅1]𝛼′  14.88 




[01̅1]𝛾//[1̅1̅1]𝛼′  14.88 
V14 [01̅1]𝛾//[1̅11̅]𝛼′  50.51 
V15 [1̅01̅]𝛾//[1̅1̅1]𝛼′  57.21 
V16 [1̅01̅]𝛾//[1̅11̅]𝛼′  20.61 
V17 [110]𝛾//[1̅1̅1]𝛼′  51.73 




[1̅10]𝛾//[1̅1̅1]𝛼′  50.51 
V20 [1̅10]𝛾//[1̅11̅]𝛼′  57.21 
V21 [01̅1̅]𝛾//[1̅1̅1]𝛼′  20.61 
V22 [01̅1̅]𝛾//[1̅11̅]𝛼′  47.11 
V23 [101]𝛾//[1̅1̅1]𝛼′  57.21 













































Figure 1-1. Comparison of ballistic limit V50B versus the yield strength, tensile strength, 
percent elongation, and Charpy impact energy for optimally QLT treated 10 wt% Ni steel 






Figure 1-2. SEM micrographs of 10 wt% Ni steel that experienced different heat 
treatments. (A) Quenched + Tempered; (B) Quenched + Lamellarized; (C) Quenched + 
Lamellarized + Tempered23.  
 
 
Figure 1-3. SEM micrographs of 10 wt% Ni steel after quenching, lamellarization, and 




Figure 1-4. (A) Bright-field and (B) centered-dark-field transmission electron 
micrographs of 4.5 wt% Ni steel after quenching, lamellarization, and tempering heat 
treatments. Arrows indicate austenite lamellae1. 
 
 
Figure 1-5. LEAP tomographic reconstruction of austenite and martensite phases in 10 








Figure 1-6. Ranges of lath and plate martensite formation in iron-carbon alloys28.  
 
 






Figure 1-8. EBSD inverse pole figure of lath martensite in a 0.2 wt% C steel. The black 
lines on the figure show boundaries with misorientations greater than 10°. The red lines 








Figure 1-10. Hall-Petch type plots of yield strength vs reciprocal square root of (A) 










Figure 1-11. Micrographs at the (A) SEM and (B) TEM level showing the coarse 
autotempered martensite in 9 wt% Ni steel. The inset in (B) shows the presence of three 










Figure 1-12. SEM micrographs at a (A) low and (B) high magnification indicating the 







Figure 1-13. Transmission electron micrograph montage representing coalesced 
martensite showing the presence of the original laths labelled A-D47. 
 
 
Figure 1-14. Calculated driving force as a function of transformation temperature of 





Figure 1-15. (A) Charpy impact energy at various temperatures and (B) average retained 
austenite as a function of distance from the fusion line in shielded metal arc welds of 9 
wt% Ni steel.  
 
 
Figure 1-16. Relationship between Charpy impact energy at -196°C and the second peak 

















2. Effects of Heating and Cooling Rates on Phase 
Transformations in 10 wt% Ni Steel and Its Application 





10 wt% Ni steel is a new high-strength steel that possesses high toughness from the 
deformation induced transformation of austenite to martensite, thereby classifying it as a 
TRIP steel. However, in order for full scale use of this alloy to be possible, the effects of 
rapid heating and cooling rates associated with welding thermal cycles on the phase 
transformations and resulting microstructures must be understood. Phase transformations 
as a function of heating and cooling rate were characterized by dilatometry, microhardness, 
and microstructural characterization. The results of heating rate experiments demonstrate 
that Ac1 and Ac3 temperature of the steel are dependent on heating rate, with the Ac3 
temperature varying from 850°C at a heating rate of 1°C/s to 1050°C at a heating rate of 
1830°C/s. The suggested reason for this large difference in heating rate is the slow diffusion 
during heating. A continuous cooling transformation diagram produced for 10 wt% Ni steel 
reveals that martensite will form over a very wide range of cooling rates, which reflects a 
very high hardenability of this alloy. This is significant because the range of cooling rates 
for which the diagram was constructed over easily covers the range associated with fusion 
welding, so there would not be the need for precise control over the weld processing 
conditions. With the overall transformations on heating and cooling understood, these 
results were applied to fusion welding in a single pass gas-tungsten arc weld. The 
microhardness of gas tungsten arc weld is highest in the intercritical heat affected zone, 
which is unexpected based on the usual behavior of quench and tempered steels. However, 
the hardness of the heat affected zone is always higher than the base metal which is a 




United States naval applications necessitate the use of steels with high strength and 
resistance to fracture at low temperatures to provide good ballistic properties. In recent 
years, 10 wt% Ni steel has been developed with ballistic resistance, strength, and toughness 
values exceeding those of steels currently used, and is now being considered as a candidate 
material to replace existing high-strength, low alloy steels1. The yield strength in the fully 
heat treated condition is 130 ksi and the Charpy impact toughness at -84°C is 106 ft-lbs1,2. 
The steel obtains high strength from the formation of martensite and secondary hardening 
metal carbides, and good toughness from the addition of nickel and the mechanically 
induced transformation of austenite to martensite, known as the transformation-induced-
plasticity (TRIP) phenomenon2.   
TRIP steels were discovered in the 1960s by Zackay et al.3. The TRIP principle 
takes advantage of the formation of martensite from austenite during plastic deformation4. 
The progressive formation of martensite in the presence of stress or strain causes a higher 
rate of work hardening and relieves stress concentrations; the resulting consequences are 
increases in strength, ductility, and toughness4,5. To accomplish this, the alloy content is 
selected such that austenite is stable at room temperature, and this is accomplished in this 
particular alloy with the high Ni content. The success of the TRIP principle hinges on the 
stability and volume fraction of retained austenite, which is determined by the composition 
and heat treatment.  
The processing of steels to obtain TRIP behavior can be accomplished with several 
thermo-mechanical treatments depending on the desired final microstructure4. This 
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particular 10 wt% Ni steel obtains the necessary retained austenite for the TRIP mechanism 
through a quenching, lamellarization, and tempering (QLT) heat treatment schedule. QLT 
heat treatments were originally developed for lower Ni steel such as 5.5 wt% Ni steel, but 
have been adapted for higher Ni content steels in the last twenty years6–13. The quenching 
step (Q) involves heating in the single phase γ region, and both the lamellarization step (L) 
and  tempering treatment (T) are conducted between the Ac1 and Ac3 temperatures in the 
two-phase (α + γ) field12. The Q treatment is responsible for generating a lath martensite 
microstructure, which provides high strength of the alloy6. During the L treatment, 
austenite forms on the prior austenite grain boundaries and becomes enriched in austenite-
stabilizing elements, but upon quenching, this austenite transforms to fresh martensite still 
enriched in the austenite-stabilizing elements11,13. The fresh martensite created during the 
L treatment has a lower Ac1 than the tempered martensite from the Q treatment, so during 
the T treatment, it transforms to austenite, and with continued diffusion of the stabilizing 
elements during the T treatment, the austenite does not transform to martensite during 
cooling11,13.  
Research on the optimally QLT heat treated 10 wt% Ni steel reveals that the 
microstructure consists of tempered lath martensite with 16.4 vol% retained austenite that 
is enriched in Ni, Mn, Cu, C, and Cr, and M2C secondary hardening carbides
1,2. The 
austenite is located at the lath boundaries, thereby producing fine mixtures of martensite 
and austenite (M+A) that have a rod morphology1. Though not explicitly mentioned by 
Zhang1 or Isheim et al.2, a constituent known as coarse martensite is present in the 
microstructure of 10 wt% Ni steel. This was discovered after review of similar 9 wt% Ni 
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steels that possess this constituent14. This coarse martensite has been identified as two 
separate constituents in the literature: coarse autotempered martensite14–16 and coalesced 
bainite/martensite17–22. While the morphology of these constituents is the same, the 
proposed mechanism of formation is different. The mechanism of formation suggested for 
coalesced martensite/bainite is that it develops from the coalescence of separately 
nucleated, adjacent laths whereas it is proposed for coarse autotempered martensite that the 
constituent nucleates at a flat interface as a supersaturated constituent and grows outward 
until impeded by the surrounding microstructure. There is experimental evidence to 
suggest that both mechanisms of formation are valid14, therefore this constituent will be 
referred to as “coarse martensite” in this work.  
During the construction of naval combatant ships, one of the most important 
fabrication steps is fusion welding. As was just discussed, this steel requires a complex 
heat treatment schedule to maximize the TRIP response and result in excellent mechanical 
properties. However, fusion welding involves severe thermal and strain cycles that could 
significantly affect the microstructure of the heat-affected zone (HAZ) and fusion zone, 
which usually results in a reduction of properties in these areas. Thus, although it has 
already been proven that this steel has excellent mechanical properties that could provide 
significant advantages to the US Navy, 10 wt% Ni steel cannot yet be implemented for full 
scale use. With this challenge of welding thermal cycles in mind, the overall objective for 
this research is to develop a fundamental understanding of the phase transformations 
associated with rapid heating and cooling thermal cycles, which are concomitant with 
fusion welds. This work combines the effects of heating rate and cooling rate on the phase 
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transformations and microstructures in 10 wt% Ni steel, and applies these results to 
rationalize the heat-affected zone in a single pass weld of this steel.  
 
2.2. Experimental Procedure 
Plates of 10 wt% Ni steel were received from the Naval Surface Warfare Center, 
Carderock Division. The plates had previously been heat treated with the optimal QLT heat 
treatment: Q - 780°C for 1 hour followed by water quenching, L - 650°C for 30 minutes 
followed by water quenching, and T - 590°C for 1 hour followed by water quenching.  The 
chemical composition as measured by optical emission spectroscopy is shown in Table 2-1. 
Since the main purpose of the QLT heat treatment is to produce retained austenite for the 
TRIP phenomenon, the volume fraction of retained austenite was determined using X-ray 
diffraction (XRD). A sample of the base metal was sectioned to be ~2mm thick and was 
standard metallographically prepared up through a 1µm diamond polish. XRD was 
performed using a Rigaku Miniflex II diffractometer with a Cu Kα (λ = 0.154nm) radiation 
source. X-rays were acquired using an angular step size of 0.01° and a count time of 17s 
per step for a range of 48 – 93°, such that three austenite (FCC) peaks and two martensite 
(BCC) peaks were acquired. Quantitative analysis was performed with Rigaku PDXL: 
Integrated X-ray powder diffraction software using the RIR method23. RIR values were 
taken from the following ICDD PDF cards: 04-003-1443 for FCC and 04-003-1451 for 
BCC.  
Heating rate and cooling rate dilatometry experiments were performed in a Gleeble 
3500 thermo-mechanical simulator. Specimens used for testing were 6mm in diameter and 
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70mm in length. These dilatometry experiments in the Gleeble used a linear variable 
differential transformer dilatometer to measure diameter dilation during heating and 
cooling. Samples for heating rate experiments were heated at either 1°C/s or 1830°C/s to a 
peak temperature of 1000°C or 1250°C, for a total of four samples. The two different 
heating rates were chosen to determine the effect of slow heating (1°C/s) and fast heating 
(1830°C/s) on 10 wt% Ni steel. All samples for the heating rate experiments were cooled 
at 10°C/s. Alongside the heating rate studies, a set of dilatometry experiments was 
performed in the Gleeble to help understand the evolution of the microstructures and 
diffusion characteristics with respect to heating. First, a sample was heated at a fast heating 
rate of 1000°C/s to a peak temperature of 925°C and cooled immediately at 50°C/s, to 
provide a baseline sample. Then, another sample was heated at the same heating rate to 
925°C, held isothermally for five minutes, and then cooled at 50°C/s. Samples for the 
cooling rate experiments were heated at 10°C/s to a peak temperature of 1250°C, where 
they were held for five minutes. The samples were then cooled at four different cooling 
rates: 50, 10, 1, and 0.1°C/s. Transformation temperatures upon heating for the heating rate 
samples and upon cooling for the cooling rate samples were determined by adding lines 
tangent to the heating/cooling curves. The transformation begins when the slope of the 
dilation deviates from a linear curve, and the transformation ends when the slope returns 
to linearity. The transformation temperatures were confirmed by calculating the derivative 
of the dilation as a function of the sample temperature and then observing changes in the 
slope of the derivative curves.  
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To help understand the transformation temperature trends, phase volume fraction 
measurements were performed using the Thermo-Calc software package24 version 2015b 
and the TCFE8 thermodynamic database25. Equilibrium volume fraction plots as a function 
of temperature were calculated using the nominal composition of 10 wt% Ni steel, as well 
as the compositions of the martensite and the austenite in the optimally QLT treated 
condition, determined by atom probe tomography (APT) performed at Northwestern 
University; all three compositions are shown in Table 2-1. The sample for APT of the base 
metal was prepared using a dual-beam focused-ion beam (FIB) microscope, by following 
a standard lift-out procedure, the details of which are described elsewhere2. The APT was 
performed with a Cameca local electrode atom probe (LEAP) 4000X-Si tomograph using 
ultraviolet (λ = 355nm) picosecond laser pulsing with a laser energy of 30pJ per pulse, a 
pulse repetition rate of 500 kHz, and an average evaporation rate of 1 pct (ions per pulse). 
The compositions shown in Table 2-1 for the austenite and martensite are an average of 
three LEAP samples, and the compositions were determined by interpreting proximity 
histogram concentration profiles.  
 The dilatometry samples were analyzed using light optical microscopy (LOM), 
scanning electron microscopy (SEM), and microhardness. The samples underwent 
standard metallographic preparation up through final polish of 50nm colloidal silica and 
were etched with 2% Nital for 8 to 10 seconds. The samples were analyzed in a Hitachi 
4300SE/N Schottky field emission SEM operating at 10kV in SE mode. Microhardness 
was performed using a LECO LM-248 hardness tester with a 300g load on a Vickers 
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indenter. Each microhardness value reported is an average of 15 measurements randomly 
distributed.  
 To understand how the heating rate and cooling rate results apply to welding, an 
autogenous (without filler metal), single-pass, gas tungsten arc weld (GTAW) was made 
on a plate of 10 wt% Ni steel. The welding parameters are: 150A, 10V, and a travel speed 
of 2mm/s. The weld was cross-sectioned and metallographically prepared up through a 
final polish of 50nm colloidal silica and was etched with 2% Nital for 8 to 10 seconds. A 
microhardness map was made on a transverse section of the weld using a Leco LM-248 
hardness tester with a 100g load on a Vickers indenter. Indents for the map were placed in 
a grid such that indents were horizontally spaced in 200µm increments and vertically 
spaced in 500µm increments. Upon inspection using LOM, the location of the fusion line 
was identified and superimposed on the map. The regions of the weld were characterized 
using a Hitachi 4300SE/N Schottky field emission SEM operating at 8kV in SE mode. To 
aid in phase identification, micron-scale compositional analysis was performed in one 
region of the weld using wavelength-dispersive spectrometry (WDS) in a JEOL JXA-
8900R electron microprobe operated at 15kV with a probe current of 50nA. Fe, Ni, Mn, 
Mo, Si, and Cr were collected, and ZAF correction using the Armstrong/Love-Scott model 




2.3. Results and Discussion 
2.3.1. Base Metal Characterization 
Before interpretation of the dilatometry results, it is important to first understand 
the starting microstructure for comparison. Figure 2-1 shows the microstructure of the base 
metal that went through the optimal QLT heat treatment.  Figure 2-1A is a light optical 
micrograph whereas Figure 2-1B and C are SEM micrographs. The microstructure consists 
of tempered lath martensite, consistent with what was previously found1,2. The 
microstructure also contains the coarse martensite constituent that was found in a similar 9 
wt% Ni steel14. This constituent is shown at a high magnification in Figure 2-1C, and is 
indicated by arrows in the lower magnification micrographs in Figure 2-1A and B. The 
presence of multiple cementite variants within the coarse constituent confirms that it is 
martensite and not bainite, as this suggests that the constituent initially formed as a 
supersaturated component, consistent with what was found in a 9 wt% Ni steel by Fonda 
and Spanos14. The description of the lath martensite morphology will be kept consistent 
with what Zhang1 has described – there are long rods of mixtures of martensite and 
austenite in a ferrite matrix. An example of this mixed martensite/austenite constituent is 
denoted by an arrow in Figure 2-1C. The austenite cannot be resolved with LOM or SEM, 
so the volume fraction of retained austenite was determined to be 16.9 ± 0.8 vol% using 
quantitative XRD. The average microhardness of the base metal is 335 ± 6 HV.  
To understand the composition of the microconstituents of the base metal, LEAP 
tomography was performed at Northwestern University, and the results are shown in Figure 
2-2. Figure 2-2A shows the 3D-APT reconstruction of the base metal. Fe atoms are shown 
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in blue, Ni atoms are shown in green, and Mo and Cr atoms are shown in red and pink, 
respectively. The region with the blue hue represents the martensite matrix, and the region 
with the green hue most likely represents the austenite. Figure 2-2B is a proximity 
histogram concentration profile across an interface between the Fe- and Ni-enriched 
regions. This profile shows that Ni and Mn are enriched in the austenite phase, and C, Cr, 
Mo, and Si are segregated at the Fe-rich/Ni-rich interface. Since LEAP is strictly a 
compositional technique, no information about crystal structure can be obtained, so it 
cannot be conclusively determined that the Ni-enriched region is austenite. However, it is 
well known that both Ni and Mn are austenite stabilizers26, so it is likely that this region 
represents the austenite. Figure 2-2C is the proximity histogram concentration profile 
across the Fe-rich region and the carbide indicated by an arrow in Figure 2-2A. The carbide 
is enriched in Mo, C, and V, and using the concentrations of these elements in atomic 
percent, the stoichiometry of the carbide is calculated to be M2.1C where M = Mo, Cr, V, 
thereby identifying these as M2C carbides consistent with the results of Isheim et al.
2.  
 
2.3.2. Effect of Heating Rate on Transformations 
The first study conducted to understand the overall transformation behavior of 10 
wt% Ni steel was to investigate the effects of heating rate on the transformations and the 
resultant microstructures. Figure 2-3 presents the curves of dilation as a function of 
temperature and their corresponding derivative for the heating rate experiments performed. 
Figure 2-3A and C show the curves for a slow heating rate of 1°C/s to peak temperatures 
of 1000°C and 1250°C, respectively, while Figure 2-3B and D show the curves for a rapid 
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heating rate of 1830°C/s to peak temperatures of 1000°C and 1250°C, respectively. The 
critical temperatures Ac1 (the temperature where austenite begins to form) and Ac3 (the 
temperature where the sample has completely transformed to austenite), are indicated on 
the figure. There are several important characteristics of these plots that will be addressed 
individually: the beginning of the transformation to austenite is gradual before the majority 
of the transformation occurs (between points “1” and “2” on Figure 2-3A); both the Ac1 
and Ac3 temperatures increase with increasing heating rate; and finally, the plot for the 
sample heated at a rate of 1830°C/s to 1000°C does not indicate an Ac3 temperature. Note: 
Since the starting microstructure contains 16.9 vol% retained austenite, the steel does not 
have a true Ac1 temperature, as the Ac1 temperature is defined as the temperature at which 
a boundary between ferrite and ferrite + austenite would exist on a phase diagram27. Since 
it is known from the base metal XRD that 16.9 vol% retained austenite is present at room 
temperature, there is no such boundary. For these purposes, however, this nomenclature 
will continue to be used.  
Figure 2-4 shows the dilatometry plot of the sample heated at 1°C/s to 1000°C. The 
circled region in Figure 2-4A is enlarged in Figure 2-4B, and a red line is provided tangent 
to the dilation as a function of temperature curve, which shows the peculiar gradual 
transformation between points 1 and 2. A hypothesis for this gradual transformation is 
proposed: it is suggested that during the quench following the “T” portion of the QLT heat 
treatment, some of the austenite that formed during T treatment was unstable and 
transformed to martensite. Since martensitic transformations are displacive and 
diffusionless, the product martensite has the same composition as the parent austenite28, so 
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this martensite that forms after the “T” treatment would have the same composition as the 
austenite in the base metal. The composition of the austenite can be extracted from the 
proximity histogram concentration profiles from the LEAP results in Figure 2-2. As was 
previously mentioned, the LEAP results cannot confirm that the Ni-enriched region is 
austenite, as no crystal structure information is reported. Therefore, it is possible that some 
of the Ni-rich region is actually martensite, and not austenite. Since the “T” treatment is 
the last step of the QLT heat treatment, the martensite would be as-quenched lath 
martensite. So based on this hypothesis, there could actually be three constituents in the 
base metal: tempered lath martensite (which is the majority of the microstructure), austenite 
(present in 16.9 vol%), and as-quenched lath martensite with similar composition as the 
austenite (present in very small quantities, if present at all).  
Based on the formulae developed by Andrews29, it is known that the Ac1 and Ac3 
temperatures are dependent on composition. Therefore, it is expected that if there are two 
types of martensite present in the base metal with different compositions, their Ac1 and Ac3 
temperatures would vary. From the proximity histogram concentration profiles in Figure 
2-2 the compositions of the Fe-rich (martensite) region and Ni-rich region were determined 
and these compositions are shown in Table 2-1. The Fe-rich region is taken as the 
composition of the tempered martensite, and the Ni-rich region is taken as the composition 
of both the as-quenched martensite and the austenite. To determine how these different 
compositions affect the Ac1 and Ac3 temperatures, Thermo-calc phase volume fraction 
plots as a function of time were created. These plots in Figure 2-5 show how the fractions 
of different phases predicted to be stable for a given composition vary with temperature 
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under equilibrium conditions. Even though the heating rate experiments do not represent 
equilibrium conditions, the results from Thermo-Calc can still provide valid trends. Figure 
2-5A is the phase fraction plot that was calculated using the nominal composition of 10 
wt% Ni steel. The two major phases in the plot are BCC_A2, which is taken to be ferrite 
and is designated by a yellow curve, and FCC_A1, which is taken to be austenite and is 
designated by a blue curve; there are also some carbide phases predicted, but these are not 
considered here. Martensite is not predicted by Thermo-Calc because it is not an 
equilibrium phase, but instead is a metastable phase. The Ac3 temperature is predicted from 
this plot as the temperature where the BCC_A2 phase volume fraction is zero, thereby 
signaling that the sample has finished transformation and is completely austenite, which 
occurs at 677°C. It is not possible to designate a true Ac1 temperature, as the phase fraction 
of austenite is never zero. Instead, a temperature labeled “BT” for “beginning of 
transformation” is labeled as ~361°C where the ferrite starts transforming to austenite (akin 
to an Ac1 temperature). Figure 2-5B is a phase fraction plot that was created by using the 
composition of the tempered martensite in Table 2-1.  BT and Ac3 temperatures were 
determined to be ~425°C and 726°C, respectively. Figure 2-5C is a phase fraction plot that 
was created by using the composition of the Ni-rich region in Table 2-1 to represent how 
the phase fraction of the as-quenched martensite would vary with temperature. BT and Ac3 
temperatures were determined to be ~280°C and 584°C, respectively. The results of these 
plots show that if there is as-quenched martensite present with the same composition as the 
austenite, it will begin the reverse transformation to austenite before the tempered lath 
martensite. Since little as-quenched martensite is expected to be present, the transformation 
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on the dilatometry plots would not manifest itself as a large deviation from the linear curve, 
but rather, would be a very small change in slope, which is what is seen in Figure 2-4. 
Therefore, it is hypothesized that the gradual change in slope between points 1 and 2 in 
Figure 2-4 is a result of the as-quenched martensite transforming to austenite before the 
majority of the matrix of tempered martensite transforms.  
It is recognized that the phase volume fraction plots can be misleading as the 
austenite phase is predicted to be stable even when using the composition of martensite 
that was experimentally determined. This is a result of how Thermo-Calc performs 
calculations – a nominal composition is given and Thermo-Calc assumes that composition 
is homogenous across a sample. So even though phases with different compositions are 
present in the base metal of 10 wt% Ni steel, to observe how each individual phase varies 
with temperature would need to be performed separately as was done here.  
The Thermo-calc phase fraction results were verified with the formulae for 
calculating Ac1 and Ac3 temperatures based on the alloying elements developed by 
Andrews29. Though not technically valid for 10 wt% Ni steel since the high concentration 
of Ni is greater than 5 wt%, which is the maximum valid concentration for these formulae, 
they are still useful validation tools. Using the composition of the tempered martensite, the 
Ac1 and Ac3 temperatures were determined to be 622°C and 792°C, respectively, and using 
the composition of the Ni-enriched region for the as-quenched martensite, the Ac1 and Ac3 
temperatures were determined to be 405°C and 599°C, respectively. Therefore, these 
results confirm the trends that the transformation temperatures are lower for the as-
quenched martensite than for the tempered martensite.  
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There is a second hypothesis for this gradual transformation. Since there is 16.9 
vol% retained austenite present in the base metal, it is possible that this gradual 
transformation is representative of the existing austenite growing, rather than new austenite 
forming. This may be explored in greater detail in the future. Therefore, at this time there 
is no conclusive origin for this gradual transformation observed in the dilatometry for the 
heating rate experiments.  
Using the dilatometry plots in Figure 2-3, the Ac1 and Ac3 temperatures for 10 wt% 
Ni steel can be determined. Based on the plots in Figure 2-3C and D, the Ac1 and Ac3 
temperatures when the sample is heated at 1°C/s are 563°C and 848°C, respectively, and 
the Ac1 and Ac3 temperatures when the sample is heated at 1830°C/s are 591°C and 
1051°C, respectively. These results show that both the Ac1 and Ac3 temperatures increase 
with increasing heating rate. The reverse transformation from martensite to austenite can 
take place by two mechanisms: diffusional or displacive. Diffusional transformations are 
time dependent since they require nucleation and growth, whereas displacive 
transformations are time independent. 10 wt% Ni steel most likely experiences a 
diffusional transformation because austenite formation by the displacive mechanism has 
only been observed in Fe-Ni alloys with nickel contents on the order of 30%30,31. When the 
heating rate increases, the time for diffusion decreases, thus limiting the rate of nucleation 
and growth of the austenite. Therefore, the diffusional transformation to austenite lags 
behind the rate of temperature increase. The higher the heating rate, the more delayed the 
diffusion, so the higher the transformation temperatures32. A review of the results in Figure 
2-3 reveals that the Ac3 temperature is more dependent on heating rate than the Ac1, as the 
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Ac3 temperature varies by ~200°C between 1°C/s and 1830°C/s, whereas the Ac1 only 
varies by ~30°C.  
By observing the microstructure of the samples used for the heating rate studies, 
much information can be gained about the effect of heating rate on the microstructure of 
10 wt% Ni steel, which will eventually be useful for welding of the steel. Figure 2-6 shows 
SEM micrographs of the microstructures of the dilatometry samples in Figure 2-3. Figure 
2-6A and B were heated to a peak temperature of 1000°C, whereas Figure 2-6C and D were 
heated to 1250°C. Figure 2-6A, C, and D consist completely of as-quenched lath 
martensite, consistent with their dilatometry plots showing complete transformation. 
Figure 2-6B, however, shows a mixed microstructure of as-quenched lath martensite, 
indicated by red lines on the micrograph and labeled “FT” for fully transformed, 
surrounded by tempered lath martensite. On the dilatometry plot for this sample in Figure 
2-3B, which was heated to 1000°C at 1830°C/s, the slope of the derivative curve never 
returns to being completely horizontal by 1000°C, thereby indicating that the 
transformation to austenite is not complete by 1000°C. Therefore, the microstructure is not 
fully as-quenched martensite, as some tempered martensite never transformed to austenite. 
On the other hand, Figure 2-6D, which was also heated at 1830°C/s, is completely as-
quenched martensite, since the austenite transformation finish temperature is 1051°C. 
Comparing Figure 2-6A and C, both of which were heated at 1°C/s, the sample heated to 
1000°C has a much finer prior austenite grain size than the sample heated to 1250°C. This 
is because once the transformation to austenite is complete, the austenite grows with 
continued heating. This difference in prior austenite grain size results in a difference in 
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hardness between the two samples. For the 1°C/s sample heated to 1000°C, the average 
hardness was 400 ± 7 HV, whereas the sample heated to 1250°C has an average hardness 
of 379 ± 12 HV. This difference is because the hardness/strength of lath martensite 
increases with decreasing prior austenite grain size33. There is an additional difference 
between Figure 2-6A and C, and that is the residual lath appearance in Figure 2-6A. This 
residual lath appearance would suggest that the sample did not fully transform to austenite 
during heating, however, the dilatometry results suggest that it did fully transform. The 
cause for this residual lath appearance is still under investigation.  
As has been discussed, the Ac3 temperature is more dependent on heating rate than 
the Ac1, as the Ac3 temperature varies by ~200°C between 1°C/s and 1830°C/s, whereas 
the Ac1 only varies by ~30°C. It was hypothesized that this large discrepancy in Ac3 
temperatures was a result of the slow diffusion. As was described above, the reverse 
transformation from martensite to austenite can either be diffusional or displacive. In steels 
containing carbon it has been shown that the formation of austenite from martensite occurs 
by the diffusional mechanism, with carbon being the diffusion dependent element32. It is 
also known that 10 wt% Ni steel contains a high nickel concentration, therefore the Ni 
diffusion must also be considered. In a similar 9 wt% Ni steel, it was shown that Ni was 
the slowest diffusing element in the steel and the Ni is contained in the austenite34, which 
is the same case as 10 wt% Ni steel. Therefore, the slow diffusion of Ni is also expected to 
influence the reverse transformation of martensite to austenite.  
To confirm that 10 wt% Ni steel undergoes the reverse austenite transformation via 
the diffusional mechanism, indirect diffusion experiments were performed with 
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dilatometry. First, a sample was heated at a fast heating rate of 1000°C/s to a peak 
temperature of 925°C and cooled immediately at 50°C/s, to provide a baseline sample. 
Based on the dilatometry and derivative plot in Figure 2-7, at this fast heating rate, 925°C 
is below the Ac3 temperature, so this sample doesn’t undergo complete austenite 
transformation. Then, a second sample was heated at the same heating rate to 925°C, held 
isothermally for five minutes, and cooled at the same cooling rate. Figure 2-8 shows plots 
of dilation as a function of time for these experiments; Figure 2-8A is the plot for the 
baseline sample, while Figure 2-8B is the sample that experienced the five minute 
isothermal hold. On both plots, the plateau at the highest dilation is when the sample was 
held at 925°C (5 seconds for the baseline sample, 5 minutes for the isothermal hold 
sample). The inset plots in the figures show these plateau regions over a narrower time 
range. A review of the plots in Figure 2-8 reveals that the dilation stays relatively constant 
for the baseline sample, whereas the dilation decreases with time for the entire five minutes 
for the isothermal hold sample. An evaluation of the microstructures of these two samples 
helps to explain the dilation plots. Figure 2-9A is a SEM micrograph of the baseline sample 
and Figure 2-9B is a micrograph of the isothermal hold sample. The baseline 
microstructure is mixed tempered lath martensite and as-quenched lath martensite 
enveloped by a red dashed line, indicating only partial transformation to austenite, whereas 
the isothermal hold sample is completely as-quenched martensite. This confirms that 
during the isothermal hold, there was time for diffusion to occur, so the martensite 
continued to transform to austenite. This continuation of the phase change manifests itself 
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by the plot of dilation decreasing with time in Figure 2-8B. Therefore, the mechanism of 
reverse transformation from martensite to austenite is diffusional as expected.  
At this time, experimental evidence has not yet been gathered for the reasoning 
behind the large change in Ac3 temperature between the 1°C/s and 1830°C/s heating rate 
samples. However, since the transformation mechanism is known to be diffusional, this 
would suggest that both the carbon and nickel diffusion is slowing down the 
transformation. From the LEAP results in Figure 2-2, it is known that in 10 wt% Ni steel, 
the majority of the carbon is contained in the M2C carbides, but it is not known if/how this 
is affecting the diffusion of the carbon. Future experiments may seek to understand this 
effect on the reverse transformation to austenite. Additionally, the presence of retained 
austenite in the starting microstructure may be playing a role in slowing diffusion. For a 
similar 9 wt% Ni steel which did not have a significant presence of retained austenite in 
the starting base metal, a similar heating rate study was performed and found that the Ac3 
temperature did not vary significantly with changes in heating rate14, which is quite 
different than what has been observed for this 10 wt% Ni steel. Since the composition of 
the two steels are similar, the difference in dependence of Ac3 temperature on heating rate 
could be a result of the 16.9 vol% retained austenite in 10 wt% Ni steel.   
 
2.3.3. Effect of Cooling Rate on Transformations 
The second study conducted to understand the overall transformation behavior of 
10 wt% Ni steel was to determine the effect of cooling rate on phase transformations. 
Samples were heated at a rate of 10°C/s to a peak temperature of 1250°C, where they were 
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held for five minutes. Dilatometry was used to determine the transformation temperatures 
during cooling across a wide range of cooling rates: 0.1, 1, 10, and 50°C/s. The 
microstructures at the SEM level for these cooling rates are shown in Figure 2-10. The 
microstructures are nearly consistent across all cooling rates with minor changes observed. 
All four cooling rates exhibit a microstructure of as-quenched lath martensite with the 
coarse martensite constituent also observed. Consistent with what was found by Fonda and 
Spanos14, the size, shape, and presence of the coarse martensite is independent of cooling 
rate. Therefore, the presence of coarse martensite in 10 wt% Ni steel is not dependent on 
cooling rate, but rather is dependent on the peak temperature and heating rate during 
reheating of the base metal. The heating rate samples that did not undergo a full austenite 
transformation, such as the 1830°C/s sample heated to 1000°C (Figure 2-6B) and the base 
line sample heated to 925°C (Figure 2-9A) do not show any coarse martensite. All of the 
cooling rate samples were fully austenitized at 1250°C and all show coarse martensite. 
Furthermore, for coarse martensite to form, the peak temperature needs to be sufficiently 
above Ac3. For example, the sample heated at 1°C/s to 1000°C (Figure 2-6A) is above the 
Ac3 temperature, but there is no coarse martensite present. This is consistent based on the 
mechanism of coarse martensite formation proposed by Bhadeshia et al20 and Fonda and 
Spanos14 that large austenite grain sizes are necessary for the constituent to form. 
Therefore, coarse martensite is only present in 10 wt% Ni steel that has experienced a 
heating and cooling thermal cycle if the sample is heated to a peak temperature sufficiently 
above Ac3 to where relatively large austenite grains are produced. 
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Despite all of the cooling rates having the coarse martensite, there is a noticeable 
difference in the appearance of the precipitates present in the coarse martensite. Figure 
2-11 shows the microstructures of the slowest (0.1°C/s) and fastest (50°C/s) cooling rates 
at a higher magnification. For the 0.1°C/s cooling rate in Figure 2-11A, the precipitates 
located in the coarse martensite are coarse and few in number. By contrast, in the 50°C/s 
cooling rate in Figure 2-11B, the precipitates are very fine and present in much greater 
quantity. This suggests that the precipitates coarsened in the slow cooling rate since there 
was more time for diffusion during cooling. Applying this to the coarse martensite in the 
base metal in Figure 2-1C, the relatively small volume fraction of precipitates present 
suggests that the precipitates in the base metal undergo coarsening during the L and T 
portions of the QLT heat treatment, after the coarse martensite formed during the Q 
treatment. The presence of the multiple variants of cementite confirms that this coarse 
constituent is martensite.  
The other major difference in the microstructures of the cooling rates is the prior 
austenite grain size. The prior austenite grain size decreases with increasing cooling rate. 
This is because at the slower cooling rates, there is more time for the austenite grains to 
grow before the martensite transformation takes place. Since the martensite transformation 
is displacive and thereby diffusionless, the size of the parent austenite grain directly 
determines the size of the prior austenite grain boundaries. Prior austenite grain boundaries 
are denoted by arrows in Figure 2-10A and B. By contrast, there are many prior austenite 
grain boundaries visible in Figure 2-10C and D, whereas there is only one in Figure 2-10A. 
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This demonstrates that the prior austenite grain size is much larger at the slowest cooling 
rate of 0.1°C/s than at the fastest cooling rate of 50°C/s.   
To complement the microstructure characterization, the microhardness of the 
cooling rate samples was also examined. Figure 2-12 is a plot of microhardness as a 
function of cooling rate. This plot shows that with increasing cooling rate, the hardness 
increases. This could be a result of the decreasing prior austenite grain size, as the strength 
of lath martensite is inversely related to the prior austenite grain size33. This could also be 
related to the coarsening of the precipitates in the coarse martensite. It is not clear at this 
time if one or both of these mechanisms is determining the hardness trends. However, since 
all of the microhardness values are relatively high and they only vary by 60 HV between 
the lowest and highest hardness, this confirms that the microstructure of all of the cooling 
rates is martensite. In a similar cooling rate study of 9 wt% Ni steel14, the effect of cooling 
rate on the microhardness was more constant across cooling rates than for the results 
presented here for 10 wt% Ni steel. This could suggest that 10 wt% Ni steel is more 
sensitive to the prior austenite grain size and/or coarsening of precipitates in coarse 
martensite than 9 wt% Ni steel. Or there may be some other microstructural factor present 
in 10 wt% Ni steel such as M2C carbides not present in 9 wt% Ni steel that could be causing 
this difference.  
Having determined from microstructure characterization and microhardness that 
the transformations in the cooling rate samples for 10 wt% Ni steel are martensitic, the 
actual temperature of these transformations were determined. Example plots of dilation and 
corresponding derivative curves as a function of temperature for cooling are shown for the 
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slowest and fastest cooling rate in Figure 2-13. The Ms temperature is defined as the 
temperature at which martensite begins to form, and the Mf temperature is the temperature 
when the martensite transformation is complete. These temperatures were determined from 
the dilation and derivative plots in the same manner as the Ac1 and Ac3 temperatures in the 
heating rate experiments.  
A convenient way of combining the transformation temperatures from the different 
cooling rates is to create a continuous cooling transformation (CCT) diagram. Utilizing the 
information from the dilatometry plots, microstructure characterization, and 
microhardness, a CCT curve for 10 wt% Ni is presented in Figure 2-14. This diagram 
shows that the Ms and Mf temperatures are relatively constant across all of the cooling 
rates. The average Ms temperature is 412 ± 38°C and the average and Mf temperature is 
193 ± 8°C. The Ms and Mf temperatures can be compared to predicted temperatures 
determined from empirical relationships, however the high Ni content of 10 wt% Ni steel 
technically makes the relationships invalid, similar to the Ac1 and Ac3 predictions. The 
predicted Ms using the Andrews linear relationship
29 is 287°C, and the predicted Ms using 
the Andrews product relationship29 is 292°C. The large difference in the predicted 
temperatures and the actual temperatures is most likely a result of the Ni content. 
Nevertheless, this CCT diagram is significant because it shows that martensite will form 
over a very wide range of cooling rates, which reflects a very high hardenability of 10 wt% 
Ni steel. This is fortuitous because this range of cooling rates easily covers the range 
associated with fusion welding, so there would not be the need for precise control over the 
weld processing conditions.  
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2.3.4. Phase Transformations in a Single Pass GTAW 
With the overall transformations on heating and cooling understood, these results 
can be applied to fusion welding. Since only solid state transformations were studied with 
the heating and cooling rate experiments, only the heat-affected zone (HAZ) will be 
considered. To understand how the effects of heating and cooling affect the phase 
transformations in fusion welds, a single pass autogenous (without filler metal) GTAW 
was made on a base plate of 10 wt% Ni steel having the nominal composition in Table 2-1. 
The first study conducted to understand the transformations that occur in the HAZ of welds 
of 10 wt% Ni steel was to examine the microhardness across the weld. Figure 2-15 shows 
a microhardness map made across the cross-section of the weld. Upon inspection using 
light optical microscopy, the location of the fusion line was identified and superimposed 
on the map. While the microhardness map shows the overall trends, other details can be 
detected by looking at each hardness trace individually. The microhardness trace in Figure 
2-16 was created by plotting the microhardness indents from the first row of the map. These 
results are unique in that they show a hardness peak at some finite distance from the fusion 
line. Nearly all quenched and tempered steels have the highest hardness directly at the 
fusion line. It is interesting that the hardness in any region of the HAZ is never below the 
base metal hardness, because in quenched and tempered steels, there is usually a region 
that becomes overtempered which results in a decrease in hardness. Note: It is beyond the 
scope of this chapter to describe the underlying causes of the microhardness trends, so this 
will be discussed in Chapter 3. Instead, the microhardness trends will simply be correlated 
with the microstructures of the various HAZ regions.  
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Using light optical microscopy, each colored region of the microhardness map was 
connected to the observed microstructure, and each region was named according to 
standard terminology for the HAZ of steel welds35. Figure 2-17 shows a composite of the 
light optical micrographs from the different regions of the HAZ. Region A directly beside 
the fusion zone is the coarse-grain HAZ (CGHAZ), indicated by its microstructure of as-
quenched martensite. Compared to the hardness of the fusion zone, the hardness of the 
CGHAZ is slightly lower. Moving further away from the fusion line, the hardness begins 
to increase in the fine-grain HAZ (FGHAZ), which also has a microstructure of as-
quenched martensite, though not pictured in Figure 2-17. The highest hardness, indicated 
by the dark blue region on the microhardness map in Figure 2-15, is located in the 
intercritical HAZ (ICHAZ). However, in 10 wt% Ni steel, there are apparently two distinct 
microstructures of the ICHAZ, which will be categorized as ICHAZ 1 and ICHAZ 2, with 
ICHAZ 1 being closer to the fusion line. Figure 2-17B shows the microstructure of ICHAZ 
1, and Figure 2-17D shows the microstructure of ICHAZ 2. More details on the differences 
between these microstructures will be discussed below. The highest hardness occurs at the 
boundary between ICHAZ 1 and ICHAZ 2, which is shown in Figure 2-17C. It is 
unexpected that the hardness would be highest in the ICHAZ because for 9 wt% Ni steels 
with similarly low carbon concentrations, the hardest regions of the HAZ were the CGHAZ 
and FGHAZ, which consisted of as-quenched martensite36,37. The hardness decreases 
through the ICHAZ 2 and the subcritical HAZ (SCHAZ), shown in Figure 2-17E, and then 
reaches the base metal hardness of 335 ± 6 HV, which is represented by Figure 2-17F. Each 
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HAZ region was characterized at the SEM level to understand fine details of the 
microstructure, and these results are presented below.  
The microstructure of the CGHAZ is shown in Figure 2-18. Figure 2-18A is the 
overall microstructure, which consists of as-quenched lath martensite as well as coarse 
martensite. Figure 2-18B is at higher magnification, which more clearly distinguishes the 
constituents, which are labelled accordingly. Coarse martensite is present because as was 
described earlier, the formation of coarse martensite requires that the heating rate allow the 
peak temperature to be well above the Ac3 temperature where relatively large austenite 
grains are produced. It is known that the peak temperature and heating rate decrease with 
distance away from the fusion line35, therefore, the CGHAZ experiences the highest peak 
temperature of all the HAZ regions. In this way, the microstructure of the CGHAZ is akin 
to the microstructure in Figure 2-6D, which was heated at a fast heating rate of 1830°C/s 
to a high peak temperature of 1250°C. Similar to the fast cooling rate samples in Figure 
2-10, it appears that there is a high fraction of precipitates in the coarse martensite in the 
CGHAZ, since they would not have time to coarsen during the fast cooling cycle associated 
with this region of the HAZ.  
The region directly next to the CGHAZ further from the fusion line is the FGHAZ, 
and the microhardness increases through this region with increasing distance from the 
fusion zone. The microstructure of the FGHAZ is shown in Figure 2-19, and it consists of 
as-quenched lath martensite like the CGHAZ, but the prior austenite grain size is much 
finer because this region did not spend as long in the single austenite phase field. Since the 
peak temperature of this region is only just barely above Ac3
35
, the austenite grain size is 
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not large enough to allow the coarse martensite to form, similar to the sample that was 
heated at 1°C/s to 1000°C. This region also presents a microstructure with residual lath 
appearance that was observed in the 1°C/s heating rate sample to 1000°C. 
 ICHAZ 1 is the next region with increasing distance from the fusion zone. This 
region experiences temperatures between Ac1 and Ac3, therefore, it experiences partial 
transformation to austenite. This partial transformation can be observed in Figure 2-20A, 
as the prior austenite grain boundaries etch lighter. These prior austenite grain boundaries 
consist of as-quenched martensite, because during heating, these were the regions that were 
enriched in carbon and became austenite35, so on cooling, the austenite transformed to as-
quenched martensite. The microstructure of these boundaries is observed in Figure 2-20C 
outlined by red dashed lines and labeled “FT” for fully transformed. The cores of the prior 
austenite grain boundaries etch darker and consist of tempered lath martensite because 
during heating, these were the regions that did not become austenite. The microstructure 
of these cores can be seen in Figure 2-20D. The appearance of this constituent is similar to 
the tempered lath martensite observed in the base metal, however the microstructure has a 
more “muddled” appearance. The underlying cause for the appearance of this constituent 
is still under investigation.  
 The microhardness peaks at the boundary between ICHAZ 1 and ICHAZ 2 and 
begins to decrease in ICHAZ 2. As described earlier, a distinction in nomenclature is made 
between these two regions because they have different microstructures. Unlike ICHAZ 1, 
which shows the microstructure that would be expected of an intercritical temperature, with 
two constituents on the prior austenite grain boundaries and in the cores, the two constituent 
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nature of ICHAZ 2 is in blocky form. Light and dark etching constituents on the order of 
tens of microns are observed in Figure 2-20B. The lighter etching constituent consists of 
the same “muddled” microstructure as the cores of the prior austenite grain boundaries in 
ICHAZ 1, and is shown in Figure 2-20D. The darker etching constituent is shown in Figure 
2-20E, and has a similar appearance to that of the lath structure in the base metal.  
One attempt at understanding the fundamental difference between the light and dark 
etching constituents in ICHAZ 2 was to perform quantitative compositional analysis across 
these regions. An electron probe microanalysis (EPMA) trace was performed across the 
dark and light regions as indicated by the arrow on the light optical micrograph in Figure 
2-21A. The results of the trace are shown in Figure 2-21B and C with the concentrations 
of Ni, Cr, Mn, Mo, and Si as a function of distance. The results indicate that there is no 
significant compositional difference at the micron scale between the light and dark 
constituent. Therefore, the cause for the fundamental difference between these two 
constituents will be investigated in the future.  
The last microstructural region of the HAZ is the SCHAZ. The microhardness 
continues to decrease from the local high hardness region through the SCHAZ until 
reaching the base metal hardness. The microstructure of the SCHAZ is shown in Figure 
2-22. The microstructure is generally similar to the base metal as the peak temperature of 
this region is below the Ac1 temperature. However, the hardness in this region is higher 
than base metal levels, which could suggest some secondary phase formation. In summary, 
the hardness results of the GTAW are unique when compared to similar steels. 
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Understanding these unique trends forms the basis of the mechanical property experiments 
presented in Chapter 3.   
 
2.4. Conclusions 
The overall transformation behavior of 10 wt% Ni steel was assessed by studying the 
effects of heating rate and cooling rate on the phase transformations and microstructure. 
The results of the cooling rate studies were used to construct a continuous cooling 
transformation diagram for 10 wt% Ni steel. The results of the heating rate and cooling rate 
experiments were applied to a single-pass, gas tungsten arc weld, for which the 
microstructure was characterized. The following conclusions can be drawn: 
1. The microstructure of the base metal of 10 wt% Ni steel consists of tempered lath 
martensite and a coarse martensite constituent. 16.4 vol% retained austenite is 
present as well as M2C carbides.  
2. The heating rate experiments show that the beginning of the transformation to 
austenite is gradual before the majority of the transformation occurs. This is 
attributed to either new austenite formation or growth of the existing austenite. New 
austenite formation would occur because of the lower Ac1 transformation 
temperature of as-quenched martensite present in the microstructure from the last 
step of the heat treatment of the base metal. 
3. The Ac1 and Ac3 temperature of the steel are dependent on heating rate. The Ac1 
and Ac3 temperatures when the sample is heated at 1°C/s are 563°C and 848°C, 
respectively, and the Ac1 and Ac3 temperatures when the sample is heated at 
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1830°C/s are 591°C and 1051°C, respectively. The reason for the large difference 
in Ac3 temperature between the two heating rates is likely the slow diffusion 
required to form austenite, which was shown with isothermal hold experiments. For 
high heating rate applications, such as fusion welding, the Ac3 temperature of the 
steel should be accepted as ~1051°C. 
4. The CCT diagram shows that martensite will form over a very wide range of 
cooling rates, which reflects a very high hardenability of 10 wt% Ni steel. This is 
significant because the range of cooling rates for which the diagram was 
constructed over easily covers the range associated with fusion welding, so there 
would not be the need for precise control over the weld processing conditions. The 
average Ms temperature is 412 ± 38°C and the average and Mf temperature is 193 
± 8°C. 
5. The microstructures of the gas tungsten arc weld show that the inter-critical heat-
affected zone (ICHAZ) exhibits two distinct morphologies, ICHAZ 1 closer to the 
fusion line and ICHAZ 2 at further away. It is currently unknown why these two 
morphologies are different, and this will be considered in future work.  
6. The microhardness results from the gas tungsten arc weld show that the hardness is 
highest in the ICHAZ, which is unexpected based on the usual behavior of quench 
and tempered steels. However, the hardness of the HAZ is always higher than the 
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Table 2-1. Composition of 10 wt% Ni steel as measured by optical emissions 
spectroscopy. All compositions are in wt%.  
 Fe C Ni Mo V Cr Mn Si Cu 
Nominal overall 87.04 0.1 9.64 1.53 0.06 0.65 0.64 0.18 0.16 
Martensite 
(LEAP tomography) 








Figure 2-1. Microstructure of the base metal. Coarse martensite indicated by arrows. (A) 
Light optical micrograph. (B) SEM micrograph. (C) Higher magnification SEM of coarse 
martensite constituent.  
  







Figure 2-2. Local electrode atom probe tomography results. (A) 3D-APT reconstruction 
of the base metal. Fe atoms are in blue, Ni atoms are in green, Mo and Cr are in red and 
pink, respectively. (B) Proxigram concentration profiles across the Ni-10 at% 
isoconcentration surface. (C) Proxigram concentration profiles across the (C+Cr+Mo)-
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Figure 2-3. Dilatometry (black line) and differentiated dilatometry (red line) plots for the 
heating rate experiments. (A) and (B) were heated to 1000°C and (C) and (D) were 




Figure 2-4. Example dilatometry and differentiated dilatometry plot to show gradual 
transformation after Ac1 between points 1 and 2. Circled region in (A) is magnified in (B) 
to highlight gradual transformation. 
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Figure 2-5. Thermo-Calc calculations showing the phase volume fraction as a function of 
temperature in 10 wt% Ni steel. (A) Plot calculated using nominal composition of the 
alloy. (B) Plot calculated using the composition of the martensite determined via LEAP 
shown in Table 2-1. (C) Plot calculated using the composition of the austenite determined 
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Figure 2-6. SEM micrographs of the samples used for the heating rate studies shown in 
Figure 2-3. A) and (B) were heated to a peak temperature of 1000°C and (C) and (D) 
were heated to a peak temperature of 1250°C.  (A) and (C) 1°C/s heating rate. (B) and 











Figure 2-7. Dilatometry and differentiated dilatometry plots for the sample heated at 
1000°C/s to a peak temperature of 925°C. 
 
 
Figure 2-8. Dilation as a function of time for the (A) baseline sample heated to 925°C and 
immediately cooled and (B) the sample heated to 925°C and given an isothermal hold of 
5 minutes. Insets are the same plots magnified to emphasize the dilation change in (B).   
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Figure 2-9. SEM micrographs of the dilatometry samples shown in Figure 2-8. (A) 
baseline sample heated to 925°C and immediately cooled; (B) the sample heated to 





Figure 2-10. Micrographs of the four cooling rates used in determination of the 



















Figure 2-11. Higher magnification SEM micrographs of the (A) 0.1°C/s and (B) 50°C/s 












Figure 2-12. Microhardness as a function of cooling rate for the four cooling rates used in 
determination of the CCT diagram.  
 
 
Figure 2-13. Example dilatometry (black line) and differentiated dilatometry (red line) 
plots for the (A) 0.1°C/s and (B) 50°C/s cooling rate samples used to determine the 

















Figure 2-14. Continuous cooling transformation diagram for 10 wt% Ni steel.  
 
 
Figure 2-15. Microhardness map of the gas tungsten arc weld made on 10 wt% Ni steel. 
 
 




Figure 2-17. Composite of all of the regions of the GTAW. (A) CGHAZ; (B) ICHAZ 1; 
(C) boundary between ICHAZ 1 and ICHAZ 2, which is the highest hardness region; (D) 









Figure 2-18. SEM micrographs of the CGHAZ region of the weld. (B) Higher 
magnification micrograph highlighting the presence of as-quenched lath martensite and 
coarse martensite.  
 
 































Figure 2-1. Microstructure of the ICHAZ of the GTAW. (A) LOM micrograph of ICHAZ 
1; (B) LOM micrograph of ICHAZ 2; (C) and (D) SEM micrographs of the different 
constituents present in ICHAZ 1; (D) and (E) SEM micrographs of the different 















Figure 2-21. Quantitative composition results from EPMA. (A) LOM micrograph 
showing the area traversed with EPMA in the ICHAZ 2. (B) and (C) Concentration as a 















































Chromium Manganese Molybdenum Silicon





















3. Mechanical Properties and Microstructural 
Characterization of Simulated Heat Affected Zones in 





The effect of rapid heating and cooling thermal cycles was studied with respect to the 
mechanical properties and microstructural evolution in the heat-affected zone of 10 wt% 
Ni steel. A Gleeble 3500 thermo-mechanical simulator was used to reproduce 
microstructures found in the heat-affected zone of fusion welds of 10 wt% Ni steel. The 
mechanical properties of the different heat-affected zone regions were assessed through 
tensile testing and Charpy impact toughness testing. Since 10 wt% Ni steel is a TRIP steel, 
its toughness relies on the mechanically induced transformation of interlath austenite films 
to martensite, therefore, the retained austenite content of each region was evaluated using 
quantitative X-ray diffraction. Characterization using scanning electron microscopy, 
electron backscattered diffraction, and local electrode atom probe tomography was 
performed. The microstructural factors influencing the strength and toughness in the 
simulated heat affected zone samples were correlated to the mechanical property results. 
The strength is the highest in the intercritical heat-affected zone, mostly attributed to 
microstructural refinement. With increasing peak temperature of the thermal cycle, the 
volume fraction of retained austenite decreases. The local atom probe tomography results 
suggest this is due to the destabilization of the austenite brought on by the diffusion of Ni 
out of the austenite. There is a local low toughness region in the intercritical heat-affected 
zone, corresponding to a low retained austenite content. However, the retained austenite is 
similarly low in higher peak temperature regions but the toughness is high. This suggests 
that while 10 wt% Ni steel is a TRIP-assisted steel and therefore obtains high toughness 
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from the plasticity-induced martensite to austenite transformation, the toughness of the 
steel is also based on other microstructural factors. 
 
3.1. Introduction 
United States naval applications necessitate the use of steels with high strength and 
resistance to fracture at low temperatures to provide good ballistic properties. In recent 
years, 10 wt% Ni steel has been developed with ballistic resistance, strength, and toughness 
values exceeding those of steels currently used, and is now being considered as a candidate 
material to replace existing high-strength, low alloy steels1. The yield strength in the fully 
heat treated condition is 130 ksi and the Charpy impact toughness at -84°C is 106 ft-lbs1,2. 
The steel obtains high strength from the formation of martensite and secondary hardening 
metal carbides, and good toughness from the addition of nickel and the mechanically 
induced transformation of austenite to martensite, known as the transformation-induced-
plasticity (TRIP) phenomenon2–4. For the TRIP principle to be successful, there must be 
stable retained austenite in the microstructure. In this alloy, the austenite is stable at room 
temperature as a result of the high Ni concentration and the three-step quenching, 
lamellarization, and tempering (QLT) heat treatment. The final microstructure of QLT-
treated 10 wt% Ni steel is 16.9 wt% retained austenite and M2C secondary hardening 
carbides in a matrix of tempered lath martensite and coarse martensite1,2. 
Though the strength and toughness attained through the TRIP process is important, 
it is expected that there will be other microstructural influences on the strength and 
92 
 
toughness. It is widely accepted that the yield strength of steels containing lath martensite 
is based on the contributions of five factors:  
𝜎𝑦𝑠 = 𝜎0 + 𝜎𝑠 + 𝜎𝜌 + 𝜎𝑔 + 𝜎𝑝 (1) 
where σ0 is the friction stress to move dislocations in pure Fe, σs is the contribution from 
solid solution strengthening, σρ is the dislocation density strengthening, σg is the grain 
boundary strengthening, and σp is strengthening from precipitates5. The σ0 term is expected 
to be constant across the heat-affected zone (HAZ) of a weld, however, the other four 
contributions may vary based on the rapid heating and cooling thermal cycles associated 
with welding.  
The grain boundary contribution is the most complex of Equation 1, as lath 
martensite does not technically contain “grain boundaries,” but rather contains laths, 
blocks, and packets5,6. Until recently, the only way to observe the microstructural hierarchy 
of lath martensite was with transmission electron microscopy (TEM). However, the advent 
of electron backscattered diffraction (EBSD) has allowed blocks and packets to be 
observed over much larger areas than previously with TEM, and has allowed researchers 
to correlate charges in the morphology to strength and toughness. It has been determined 
that in lath martensite, the features that act as barriers to dislocations and therefore provide 
strengthening are the boundaries between blocks and packets7,8. The boundaries between 
blocks and packets are considered high-angle boundaries, whereas the boundaries between 
laths are low-angle boundaries, and the minimum misorientation between blocks and 
packets in lath martensite is 10.53°9,10. For several types of steel, researchers have 
performed EBSD on lath martensite and have processed the results to highlight boundaries 
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with misorientations greater than 10 or 15°, thereby only surveying block and packet 
boundaries and ignoring lath boundaries7,9–13. Since the blocks and packets are the 
strengthening units in lath martensite, the size of these features are the effective grain size, 
and utilizing several different measeurement techniques, it has been shown that the 
strengthening follows the Hall-Petch relationship7,8,11,12,14,15. Additionally, fine packet sizes 
have been shown to produce higher toughness than coarse packet8.  
 The effects of welding on 10 wt% Ni steel have never been studied before, thus 
providing the motivation for this research. However, it is of interest to understand the 
results of welding 9 wt% Ni steels, as the steels are similar. Results from both Gleeble 
simulation16 and shielded metal arc welds17 showed that with decreasing distance from the 
fusion line, the toughness of the HAZ decreased corresponding to a decrease in retained 
austenite content. Therefore, even though preliminary studies in Chapter 2 have 
demonstrated excellent hardness values in the HAZ of 10 wt% Ni steel, it still unknown 
how the toughness and retained austenite are affected by the welding thermal cycles in 10 
wt% Ni steel. The objective of this research is to understand the effects of the rapid heating 
and cooling thermal cycles on the mechanical properties in 10 wt% Ni steel. This work 
correlates the results of strength and impact toughness with the microstructural influences 
present in the HAZ of welds in 10 wt% Ni steel. Concomitant with explaining the HAZ 
property trends, this research provides fundamental insight into the overall influences on 
strength and toughness in 10 wt% Ni steel, which can be applied to other thermomechanical 




3.2. Experimental Procedure 
Plates of 10 wt% Ni steel were received from the Naval Surface Warfare Center 
Carderock Division. The plates had previously been heat treated with the optimal QLT heat 
treatment: Q - 780°C for 1 hour followed by water quenching, L - 650°C for 30 minutes 
followed by water quenching, and T - 590°C for 1 hour followed by water quenching.  The 
nominal chemical composition in wt% is 87.04% Fe, 0.1% C, 9.64% Ni, 1.53% Mo, 0.06% 
V, 0.65% Cr, 0.64% Mn, 0.18% Si, and 0.16% Cu.  
The HAZ simulations were performed in a Gleeble 3500 thermo-mechanical 
simulator. Thermal cycles for a heat input of 1500J/mm, representative of the gas metal arc 
welding process, were generated using Sandia’s Smartweld program18,19 for a range of peak 
temperatures that would be experienced in an actual weld. Eight peak temperatures were 
chosen to generate microstructures that would match those exhibited in the GTAW 
investigated in Chapter 2, and the simulated thermal cycles for these peak temperatures are 
shown in Figure 3-1. These peak temperatures are representative of the sub-critical HAZ 
(SCHAZ), the inter-critical HAZ (ICHAZ), the fine-grain HAZ (FGHAZ), and the coarse-
grain HAZ (CGHAZ), the typical weld HAZ nomenclature for steel welds20. Multiple peak 
temperatures for the ICHAZ were chosen based on the varying microstructure seen in the 
GTAW. For each peak temperature thermal cycle, a dilatometry experiment was performed 
to confirm the expected Ac1 and Ac3 transformations. A linear variable differential 
transformer dilatometer was used to measure diameter dilation during the entire thermal 
cycle in Figure 3-1. Additional samples were simulated for mechanical testing. 
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The mechanical properties of the simulated HAZ samples were evaluated using 
tensile, Charpy impact, and hardness testing. Tensile testing was performed in accordance 
with ASTM E821 using a crosshead speed of 0.635 mm/min (0.025 in/min) for the entire 
test duration. The geometry of the samples used for testing is shown in Figure 3-2. This 
geometry is known as a double-reduced gage section (DRS) geometry. This geometry was 
used because in similar research with Gleeble-simulated HAZ samples, it was proven that 
samples of a standard ASTM geometry did not break in the region of the sample that had 
experienced the thermal cycle, thus giving false tensile property results22. Using the DRS 
geometry ensures that the tensile failure occurs in the proper microstructural region. 
Charpy impact testing was performed at room temperature following ASTM A370-1523 
and ASTM E23-12c24, using the standard size sample of 10 x 10 x 55mm. Microhardness 
testing was performed using a LECO LM-248 hardness tester with a 100g load on a Vickers 
indenter. Each microhardness value reported is an average of 15 measurements randomly 
distributed.  
To determine how the retained austenite is affected by the welding thermal cycle, 
X-ray diffraction (XRD) was performed for each simulated HAZ sample. Bars of size 11 
x 11 x 70mm underwent the simulated HAZ cycle in the Gleeble. Samples for XRD were 
sectioned transversely from the bar for a final sample size of 11 x 11 x 2mm, and then were 
standard metallographically prepared up through a 1µm diamond polish. XRD was 
performed using a Rigaku Miniflex II diffractometer with a Cu Kα (λ = 0.154nm) radiation 
source. X-rays were acquired using an angular step size of 0.01° and a count time of 17s 
per step for a range of 48 – 93°, such that three austenite (FCC) peaks and two martensite 
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(BCC) peaks were acquired. Quantitative analysis was performed with Rigaku PDXL: 
Integrated X-ray powder diffraction software using the RIR method25. RIR values were 
taken from the following ICDD PDF cards: 04-003-1443 for FCC and 04-003-1451 for 
BCC.  
The microstructure of the simulated HAZ samples was analyzed using scanning 
electron microscopy (SEM). The samples underwent standard metallographic preparation 
up through final polish of 50nm colloidal silica and were etched with 2% Nital for 8 to 10 
seconds. Additionally, the fracture surfaces of the samples used for Charpy impact testing 
was observed. Both the microstructural samples as well as the Charpy fractography 
samples were analyzed in a Hitachi 4300SE/N Schottky field emission SEM operating at 
10kV in SE mode. After initial characterization in the etched condition, select 
microstructural samples were repolished to a final polish of 50nm waterless diamond on a 
vibratory polisher for ~2 hours for investigation using electron backscatter diffraction 
(EBSD). EBSD was performed in a Hitachi 4300SE/N Schottky field emission SEM at an 
operating voltage of 10kV, a probe current of 2.4nA, and a 70° stage tilt. The EBSD 
patterns were acquired using EDAX OIM collection software with 4 x 4 binning and a 
0.15µm step size. EBSD data processed using EDAX OIM Analysis software. The only 
“cleanup” applied to the data was grain dilation, such that no more than 15% of pixels in 
the map were modified. Inverse pole figure (IPF) maps were plotted for each sample 
analyzed, and boundaries with misorientations greater than 15° were marked in black on 
each IPF map. For each IPF map, the length of the boundaries with misorientations greater 
than the critical misorientation angle of 15° was automatically calculated by the OIM 
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software, and this value was used to determine the size of the martensite features using a 
method described by Ueji et al.11. For select peak temperatures, the samples were etched 
after EBSD analysis to correlate the regions of the EBSD IPF maps with the etched 
microstructure.  
To understand the partitioning behavior of alloying elements between the phases, 
atom probe tomography (APT) was performed at Northwestern University on the HAZ of 
10 wt% Ni steel. The samples for APT of the base metal was prepared using a dual-beam 
focused-ion beam (FIB) microscope, by following a standard lift-out procedure, the details 
of which are described elsewhere2. The APT was performed with a Cameca local electrode 
atom probe (LEAP) 4000X-Si tomograph using ultraviolet (λ = 355nm) picosecond laser 
pulsing with a laser energy of 30pJ per pulse, a pulse repetition rate of 500 kHz, and an 
average evaporation rate of 1 pct (ions per pulse). The results are displayed in the form of 
reconstructions and proximity histogram concentration profiles taken across the interfaces 
of phases.  
 
3.3. Results and Discussion 
3.3.1. Phase Transformations and Microstructural Evolution  
The use of simulated HAZ regions is useful for isolation of particular 
microstructures for investigation of the mechanical properties. In Chapter 2, the mechanical 
properties were investigated via microhardness testing, however, it is of particular interest 
to understand the toughness trends of these HAZ regions as the intent of 10 wt% Ni steel 
is for applications requiring superior ballistic resistance1. Figure 3-1 shows the calculated 
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thermal cycles for the Gleeble simulated HAZ samples. The designations of the regions of 
the HAZ particular peak temperatures represent were determined based on the heating rate 
experiments in Chapter 2, where for the fast heating rates associated with welding, the Ac1 
temperature is ~590°C, and the Ac3 temperature is ~1050°C. The peak temperature of 
550°C is below the Ac1 temperature, so it is representative of the SCHAZ. The peak 
temperatures of 725, 825, 925, and 1000°C are all between Ac1 and Ac3, thereby being 
representative of the ICHAZ. The peak temperatures of 1150, 1250, and 1350°C are all 
above the Ac3 temperature, so 1150 and 1250°C are probably representative of the FGHAZ, 
and 1350°C is representative of the CGHAZ.  
To confirm that the peak temperature simulations experienced the expected phase 
transformations, the dilation as a function of temperature was determined for each peak 
temperature sample, and example dilation plots are shown in Figure 3-3. Figure 3-3A is 
the dilation plot for the 725°C peak temperature. The Ac1 was identified at 570°C and no 
Ac3 temperature was identified. A red dashed line is drawn tangent to the dilatometry curve 
to help identify the Ac1 transformation temperature. The appearance of the heating curve 
suggests that this peak temperature sample is only heated through the gradual 
transformation to austenite and does not go through the majority transformation usually 
indicated by the significant deviation from the linear slope of the curve. The cooling 
dilation curve does not exhibit the large transformation associated with the formation of 
martensite probably because little austenite formed during heating so there was a 
correspondingly low amount of as-quenched martensite formed during cooling. Figure 
3-3B is the dilation plot for the 1000°C peak temperature. The Ac1 temperature is ~523°C, 
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and there is no Ac3 transformation. Unlike the 725°C peak temperature, this sample 
exhibits a significant deviation from the linear curve between 600 and 800°C, which 
suggests that a larger fraction of the tempered lath martensite in the base metal transformed 
to austenite on cooling. On cooling, the Ms temperature is ~393°C, which is within the 
range of Ms temperatures 412 ± 38°C. Since no Ac3 temperatures are exhibited for the peak 
temperatures of 725 and 1000°C, both of these regions, and all peak temperatures in 
between, are confirmed as ICHAZ regions. Figure 3-3C is the dilation plot for the 1150°C 
peak temperature. The Ac1 temperature is ~511°C and the Ac3 temperature is ~1035°C. 
Since this peak temperature exhibits an Ac3 temperature, this region is probably the 
FGHAZ. The Ms temperature on cooling is 381°C. Finally, Figure 3-3D is the dilation plot 
for a peak temperature of 1350°C. The Ac1 temperature is ~528°C and the Ac3 temperature 
is ~1080°C. Since the peak temperature of this sample is well above the Ac3 temperature, 
this region is confirmed as the CGHAZ. The Ms temperature on cooling is 359°C. Based 
on these results, there is a trend of decreasing Ms temperature with increasing peak 
temperature, and this will be rationalized later.  
There are several interesting trends to observe from the dilatometry results. First is 
the variation of the Ac1 temperatures for each peak temperature. Unlike the heating rate 
studies in Chapter 2, the heating rate for each thermal cycle is variable, and is therefore not 
a constant value for the entire heating cycle. Based on the simulated thermal cycles in 
Figure 3-1, the heating rate decreases with decreasing peak temperature, which is 
consistent with the fact that in fusion welds, the heating rate decreases with increasing 
distance from the fusion line20. To understand how the heating rate varies between the peak 
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temperature samples, the heating rate between 400 and 600°C was determined, and the 
results are shown in Table 3-1. The results for the Ac1 transformation are atypical because 
they show that the temperatures decrease with increasing heating rate. Ac1 transformation 
temperatures typically rise with increasing heating rate because of the sluggish diffusion,26 
which is what was found with the heating rate studies in Chapter 2. However, the Ac3 
temperature does increase with increasing heating rate. The results of the Ac1 
transformation temperatures could suggest that the variable heating rate has some other 
effect on the transformation to austenite. This may be considered further in future work.  
  To complement the dilatometry results for the peak temperature HAZ samples, 
the microstructure was observed at the SEM level for each peak temperature. Figure 3-5 
presents micrographs of each peak temperature with features characteristic of each 
microstructure highlighted. By quick observation of the micrographs, the microstructures 
in Figure 3-4A through D all appear to be similar tempered lath martensite. However, a 
more thorough review reveals subtle differences. Figure 3-4A is the 550°C peak 
temperature sample, which was not heated through the Ac1 temperature. The 
microstructure is identical to the base metal microstructure of tempered lath martensite and 
coarse martensite, indicated in the image by the red dashed lines. Therefore, the 
microstructure of the SCHAZ does not show any change from the microstructure of the 
base metal at the SEM level of observation. Figure 3-4B is the microstructure of the 725°C 
peak temperature sample, and Figure 3-4C is the microstructure of the 825°C peak 
temperature sample, both of which are ICHAZ samples. The microstructure for both 
consists of tempered lath martensite, as well as another constituent highlighted with red 
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dashed lines. Based on the appearance, these features could either be coarse martensite that 
has not transformed, or as-quenched martensite that developed from the austenite formed 
during the thermal cycle. More detailed characterization is required to elucidate this 
constituent. The differences in microstructure between the peak temperatures 550°C and 
725°C show that for thermal cycles with peak temperatures up to the Ac1 temperature, the 
appearance of the coarse martensite constituent does not change. Figure 3-4D is the 925°C 
peak temperature sample. This microstructure is reminiscent of the microstructure of 
“ICHAZ 2” from the GTAW in Chapter 2, as there are large, blocky regions highlighted 
by red dashed lines. Between 725°C and 925°C the size of the highlighted features 
increases, which could suggest that these are regions of as-quenched martensite that form 
rapidly once the Ac1 temperature has been reached and grow with increasing temperature. 
Again, more detailed characterization is required to be certain of this hypothesis. A distinct 
change in microstructure from 925°C is noticed for the peak temperature sample of 1000°C 
The microstructure of the 1000°C sample in Figure 3-4E consists of tempered lath 
martensite and as-quenched martensite on the prior austenite grain boundaries, labeled on 
the micrograph “FT” for fully transformed. This microstructure is comparable to the 
microstructure of “ICHAZ 1” from the GTAW in Chapter 2. This peak temperature is the 
highest peak temperature sample to be considered an ICHAZ sample. Figure 3-4F is the 
micrograph for the 1150°C peak temperature. Its appearance is similar to the 1000°C peak 
temperature. However, the dilatometry results in Figure 3-3C show that this peak 
temperature experiences both an Ac1 and Ac3 temperature, which suggests that this sample 
was fully transformed to austenite during heating. Based on these two characterization 
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techniques, the HAZ designation of this region cannot be determined at this time. 
Comparing the microstructures of 1000°C and 1150°C, the size of the apparent as-
quenched martensite is larger in 1150°C, consistent with the higher peak temperature. 
Figure 3-4G and H look the most distinct from the rest of the microstructures. Both consist 
completely of as-quenched martensite. Figure 3-4G is the 1250°C peak temperature and 
Figure 3-4H is the 1350°C peak temperature. The prior austenite grains in 1350°C are much 
larger than in 1250°C, thereby calling 1250°C a FGHAZ sample and 1350°C a CGHAZ 
sample. Both samples contain coarse martensite highlighted by red dashed lines.  
 
3.3.2. Mechanical Properties of Simulated HAZ Samples 
 Since 10 wt% Ni steel was developed to be used in naval applications, both the 
strength and toughness of the steel is important, therefore it is important to understand how 
the strength and toughness are affected by the rapid heating and cooling thermal cycles 
associated with welding. Figure 3-5 shows how the retained austenite content, impact 
toughness at room temperature, and yield strength each vary as a function of the peak 
temperature within the HAZ. The yield strength results are shown as the red curve in Figure 
3-5. The results show that the highest strength is in the 825°C peak temperature sample, 
which is an ICHAZ sample. High strength is also observed in peak temperatures of 925, 
1000, and 1150°C. The yield strength of the base metal and the 500°C peak temperature is 
constant, consistent with the two samples having identical microstructures. Additionally, 
the 1350°C peak temperature and the base metal have similar yield strength values. It is 
unknown whether the highest yield strength occurring for the 825°C peak temperature 
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sample is artificial or actual. Initial strength results for the base metal revealed that the 
yield strength is strain rate sensitive. Even though all of the samples were tested at the same 
cross-head speed of of 0.635 mm/min, it is possible that slight differences in testing have 
produced an artificial inflation of yield strength for the 825°C peak temperature sample. 
Similar to the hardness results for the GTAW in Chapter 2, these strength results are unique 
because the yield strength of the HAZ is never lower than the yield strength of the base 
metal, and the yield strength peaks in the ICHAZ, rather than in the CGHAZ/FGHAZ, as 
is the case with most quenched and tempered steels.  
 The Charpy impact toughness at room temperature results are shown in Figure 3-5 
in blue. The results show that there is a low toughness region in the peak temperature 
regions of 825, 925, and 1000°C. Since 10 wt% Ni steel is a TRIP-assisted steel, its 
toughness depends on the retained austenite content1,2. Therefore, the retained austenite 
content was evaluated for each peak temperature, and these results are shown in black in 
Figure 3-5. There is a trend of decreasing retained austenite content with increasing peak 
temperature. Results for retained austenite are shown for peak temperatures up through 
1150°C, with 1250°C and 1350°C in progress; however, it is unexpected that there will be 
any significant amount of retained austenite in these regions as the thermal cycle is too fast 
to allow the diffusion of elements necessary to stabilize the austenite. The trend of 
decreasing retained austenite with increasing peak temperature was initially thought to be 
a concern for the toughness of these regions. The same trend of decreasing retained 
austenite content with increasing peak temperature was observed for similar 9 wt% Ni 
steels. In research by Nippes and Balaguer16 and Jang et al.17, the toughness of the HAZ 
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was directly related to the retained austenite content, as a decrease in retained austenite 
produced a decrease in the toughness. For 10 wt% Ni steel as shown in Figure 3-5, the 
toughness does decrease with decreasing retained austenite content only up through a peak 
temperature of 1000°C. For the peak temperature of 1150°C, the retained austenite content 
is 1.2 ± 0.7 vol%, but its toughness is 106 ± 6 ft-lbs, which in fact is nearly the same as the 
base metal values of 106 ± 2 ft-lbs. The toughness of the 1250 and 1350°C peak 
temperatures is also quite high at 85 ± 4 and 95 ± 3ft-lbs, respectively. Therefore, this good 
impact toughness must be provided by a mechanism other than retained austenite. This idea 
that the retained austenite is not the only microstructural factor affecting toughness is 
further reinforced by comparing the impact toughness of the peak temperatures 725 and 
825°C. Both samples have similar retained austenite values, however, the toughness of 
725°C at 99 ± 8 ft-lbs is nearly double 825°C at 54 ± 0 ft-lbs. It is interesting to note that 
the scatter associated with the impact toughness of 1000°C is much larger than any other 
peak temperature region. Recall from Figure 3-4 that the microstructure of the 1000°C peak 
temperature sample is tempered lath martensite with as-quenched lath martensite present 
at the prior austenite grain boundaries. According to Bhadeshia and Honeycombe20, this 
two-constituent microstructure often produces an increase in scatter because the test sample 
sometimes samples only one constituent. Based on the toughness results of the other HAZ 
regions, it is suspected that the low-toughness constituent in the 1000°C peak temperature 
sample is the tempered lath martensite, since the samples that consist entirely of as-
quenched martensite (1250 and 1350°C) have high toughness values.  
105 
 
 It is often of interest to correlate the toughness results with the mechanism of 
fracture. Figure 3-6 shows scanning electron fractographs of the fracture surface from the 
Charpy impact energy tests for three different peak temperatures, 925, 1000, and 1150°C, 
representative of a low, medium, and high toughness values of 41 ± 1, 59 ± 13, and 106 ± 
6 ft-lbs, respectively. Interestingly, all three fracture modes appear to be microvoid 
coalescence associated with ductile fracture. Despite the large difference in impact 
toughness, the only difference in appearance of the fracture surfaces is that the size of the 
voids decreases with decreasing toughness.  
 It was also relevant to look at the correlation of the yield and tensile strength with 
the hardness of the different simulated HAZ regions. Figure 3-7 shows the tensile and yield 
strength as a function of hardness with the different simulated peak temperature HAZ 
samples labeled on the plots. Both plots show a positive, linear correlation between strength 
and hardness. This is in good agreement with the trends generally observed for steels as 
verified by Pavlina and Tyne27. The valid ranges for the relationships developed by Pavlina 
and Tyne27 are 300 to 1700MPa for yield strength and 450 to 2350 MPa for tensile strength, 
and the yield and tensile strengths in the HAZ of 10 wt% Ni steel are well within those 
ranges. The linear relationship is stronger for the tensile strength than for the yield strength, 
with the 825°C peak temperature deviating slightly from the relationship in Figure 3-7B. 
As was mentioned earlier, the yield strength of the 825°C peak temperature sample could 
be artificially high, and the yield strength versus hardness relationship may further suggest 




3.3.3. Microstructural Contributions to Strength and Toughness of the HAZ  
 The results of the mechanical property evaluation are significant in that the 
strengthening results are not solely associated with the type of martensite in a particular 
HAZ region (as-quenched versus tempered), and the toughness of the steel is not solely 
based on the retained austenite content. Both of these statements suggest that there are other 
microstructural factors that are affecting the strength and toughness of 10 wt% Ni steel. 
This must especially be true in the ICHAZ regions where the strength is the highest and 
the toughness is the lowest. As described in the introduction, there are five factors 
associated with strength: σ0, the friction stress to move dislocations in pure Fe, σs, the 
contribution from solid solution strengthening, σρ, the dislocation density strengthening, σg, 
the grain boundary strengthening, and σp, the strengthening from precipitates5. The first 
study to understand the microstructural effects on strength was to investigate the effects of 
grain boundary strengthening, because in another steel alloy, a similar high strength in the 
ICHAZ was attributed to the grain boundary contribution12. 
 Since the typical definition of a grain does not apply to the microstructural 
hierarchy associated with lath martensite, the strengthening units in lath martensite are the 
blocks and packets5,6. However, it is difficult to observe blocks and packets using 
traditional microscopy techniques. The advent of EBSD has allowed blocks and packets to 
be revealed by marking misorientation angles greater than 15°, the critical misorientation 
angle for revealing blocks and packets9,10, on EBSD inverse pole figure (IPF) maps. In this 
way, the contribution of the blocks and packets are considered together not separately for 
grain boundary strengthening12. Figure 3-8 show the EBSD IPF maps for the regions 
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surveyed. The regions investigated were the base metal, and the peak temperatures of 725, 
825, 925, 1000, and 1150°C. To determine the relative strengthening from the blocks and 
packets, a method described by Ueji et al.11 was used, where the total length of the 
boundaries with misorientations greater than 15° and the total area of the region are used 
to calculate Sv, the total length of high-angle boundaries per IPF map. This relationship is 
shown in Equation 2:   
𝑆𝑣 =
𝑡𝑜𝑡𝑎𝑙 𝑙𝑒𝑛𝑔𝑡ℎ 𝑜𝑓 𝑏𝑜𝑢𝑛𝑑𝑎𝑟𝑖𝑒𝑠 > 15°
𝑎𝑟𝑒𝑎 𝑜𝑓 𝑟𝑒𝑔𝑖𝑜𝑛
 (2) 
With this method, it is assumed that the two-dimensional EBSD IPF map is representative 
of the three-dimensional microstructure. Using Sv, the mean intercept length, L, can be 
calculated with Equation 3, 




which is a relationship known from quantitative microscopy28. The mean intercept length, 
L, is taken as an effective grain size, and this value is compared across HAZ samples to 
understand relative changes in strengthening.  
 Table 3-2 shows the values of effective grain size for the regions evaluated. These 
results quantitatively confirm what is qualitatively understood from the EBSD IPF maps – 
the base metal and 1150°C peak temperature sample have relatively coarse effective grain 
sizes while the four regions of the ICHAZ, 725 through 1000°C peak temperatures, have 
relatively fine effective grain sizes. It is known that the grain size is inversely proportional 
to the strength of a metal by the Hall-Petch equation14,15, therefore Figure 3-9A displays 
the effective grain size and yield strength as a function of HAZ cycle peak temperature. 
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The peak temperatures 825, 925, and 1000°C do follow the trend that the strength is high 
corresponding to the fine effective grain size. However, the yield strength for the 1000°C 
and 1150°C peak temperature samples is 153 ksi, but the effective grain size of 1150°C is 
1.31 ± 0.1 µm, whereas for 1000°C, it is 0.84 ± 0.03 µm. Additionally, the effective grain 
size for the 1150°C sample is the same as the base metal, yet the base metal has a yield 
strength of 128 ksi. Since the 1150°C sample was fully austenitized during the thermal 
cycle, the microstructure consists of as-quenched lath martensite, whereas the base metal 
is tempered lath martensite. The dislocation density is usually higher in as-quenched 
martensite29, which could provide this increase in strength. Another suggestion that there 
are other strengthening factors that must be considered in the strength trends of 10 wt% Ni 
steel is the results of the 725°C peak temperature sample. The effective grain size of 725°C 
is 0.82 ± 0.06 µm, which is similar to the values for 825, 925, and 1000°C. However, the 
yield strength of the 725°C peak temperature sample is 138 ksi, whereas the strength of 
1000°C is 153 ksi. Therefore, the other strengthening influences in Equation 1 must be 
considered to have a complete understanding of the strength trends of this alloy.  
 When considering the toughness trends of 10 wt% Ni steel, the results from the 
effective grain size experiments can also be applied. Microstructural refinement is the only 
common strengthening mechanism capable of producing both high strength and 
toughness8. Figure 3-9B shows the effective grain size and Charpy impact energy as a 
function of HAZ cycle peak temperature. Based on the relationship between 
microstructural refinement and toughness, it is expected that areas of fine effective grain 
sizes should have high toughness. As seen in Figure 3-9B, this is the opposite because the 
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areas of lowest toughness, which are the peak temperatures 825°C through 1000°C, have 
the finest effective grain size. Recall from Figure 3-5 that these areas only have about half 
as much retained austenite as the base metal value of 16.9 vol%, so it is reasonable to 
believe that the low toughness is a result of the low retained austenite. However, while the 
1000°C peak temperature sample has 2.3 vol% retained austenite and has an impact energy 
of 59 ft-lbs, the 1150°C peak temperature only has 1.2 vol% retained austenite, yet has an 
impact energy of 106 ft-lbs. Therefore, there still must be another microstructural factor in 
addition to microstructural refinement and retained austenite that is causing the low 
toughness in the ICHAZ regions of 10 wt% Ni steel. As was described earlier, the idea that 
the toughness is controlled by other microstructural factors is also confirmed by the 
toughness of the 725°C sample; both the 825°C and 725°C samples have similar retained 
austenite values and nearly the same effective grain sizes, however, the toughness of 725°C 
is nearly double that of 825°C. Though not investigated here, it is expected that the 
effective grain size for the 1250 and 1350°C peak temperature samples will be larger than 
1150°C, since once the Ac3 transformation is complete, the austenite grains continue to 
grow with increased heating. If the effective grain size of the 1250 and 1350°C peak 
temperatures is larger than 1150°C, it will explain why the toughness of the 1150°C sample 
is higher than 1250°C and 1350°C, with respect to microstructural refinement.  
One unexpected consequence of the EBSD IPF results is the inconsistency with the 
initial dilatometry and microstructure results in Figure 3-3 and Figure 3-4, respectively. 
The results from the dilation curve suggested that for a peak temperature of 725°C, the 
majority of the microstructure did not go through the austenite transformation, since the 
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heating curve did not exhibit the significant deviation from the linear slope. However, the 
significant grain refinement suggests that a much higher fraction of the martensite 
experiences the reverse transformation to austenite during heating than was originally 
thought based on just the dilatometry results and the microstructures. This discrepancy in 
the phase transformation behavior between the dilatometry results and the EBSD results is 
still under investigation and TEM will be used in future work to further understand the 
phase transformation behavior of this alloy. Though possibly unrelated, the influence of 
the decomposition of the austenite will be considered alongside this, as it is known that the 
725°C peak temperature sample only contains 8.5 ± 0.4 vol% retained austenite, whereas 
the base metal with a larger effective grain size has 16.9 ± 0.8 vol% retained austenite.  
One advantageous outcome of the EBSD results is that the features in the 
microstructures of the HAZ samples in Figure 3-4 can be correlated to the martensite 
morphology revealed by EBSD. Figure 3-10, Figure 3-11, and Figure 3-12 display a SEM 
image of the microstructure of the sample with its corresponding EBSD IPF map for the 
725, 825, and 925°C peak temperature HAZ samples, respectively. In all three figures, the 
boxed region on the IPF map is the region for the SEM micrograph, and the feature of 
interest is enveloped by red dashed lines on the SEM micrograph. For all three samples, 
the feature of interest is the same feature that was highlighted in Figure 3-4. In all three 
instances, the feature which looks distinctly different than the surrounding lath structure, 
has a coarse block/packet structure compared to the rest of the matrix. Additionally, this 
feature is not aligned with the surrounding matrix, because the color of the feature in the 
IPF map, which is representative of an orientation displayed by the stereographic triangle 
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in the top right corner, is different than the surrounding matrix color. However, this 
information unfortunately does not help to clarify whether these features are coarse 
martensite that has not transformed during the weld thermal cycle, or as-quenched 
martensite that developed from the austenite that formed during the thermal cycle. It is 
probably that these features are as-quenched martensite that formed during the weld 
thermal cycle, but more advanced characterization at the TEM level is still required to 
understand the fundamental difference(s) between this constituent and the surrounding 
matrix.  
The second study to understand the microstructural factors affecting the strength 
and toughness of the HAZ of 10 wt% Ni steel was to look for secondary hardening carbides. 
From the results in Chapter 2 as well as previous results from the literature2, it is already 
known that there are secondary hardening carbides present in the base metal, so the 
precipitate factor must be considered for both strength (σp) and toughness. To observe 
behavior of the carbides, as well as determine the partitioning behavior of alloying 
elements between phases, LEAP tomography was performed at Northwestern University, 
under the direction of Dr. Seidman. Figure 3-13 is the LEAP results for the base metal, 
reproduced from Chapter 2, showing the reconstruction of the base metal sample, the 
concentration profile from the Fe-rich region to the Ni-rich region, and the concentration 
profile from the Fe-rich region to the carbide, which was confirmed to be M2C type. Figure 
3-14 is the LEAP results for the region representative of the 825°C peak temperature, and 
Figure 3-15 is the LEAP results for the region representative of the 925°C peak 
temperature. Note: The LEAP tomography was performed on regions in the GTAW and 
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not the Gleeble simulated samples. However, the mechanical property and microstructure 
results have demonstrated that the Gleeble simulation reproduces the microstructures and 
hardness values exhibited in the GTAW, therefore the LEAP results will be applied here 
to the Gleeble samples.  
In the reconstruction of the 925°C peak temperature in Figure 3-15, no M2C 
carbides are observed; only Fe- and Ni-rich regions are present. To ensure that this was not 
just an effect of the small sample size of the analysis, another LEAP sample was prepared 
(results not shown here), and the same result was obtained. It was initially thought that 
based on these results, there were no carbides present in this region. However, based on 
the EBSD, the retained austenite, and the toughness results, it is possible that there are 
carbides actually present, which are producing the lowered toughness, but the LEAP 
sample size was too small to identify carbides, especially given that the size of the LEAP 
sample for this region was ~4µm. Therefore, the microstructural source of the toughness 
results is still under investigation and TEM will be performed as it permits a larger sample 
while still having adequate resolution to observed carbides. Since the sample size is larger 
for TEM, the relative fractions of carbides in the different regions can be compared across 
samples.  
 The LEAP tomography results are also useful for understanding the decreasing 
quantity of retained austenite with increasing peak temperature. In the concentration profile 
for the base metal in Figure 3-13B, the concentration of Ni in the Ni-rich region, which is 
representative of the austenite, is ~18 at%. In the concentration profile for the sample 
representative of the 825°C peak temperature in Figure 3-14B, the concentration of Ni in 
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the Ni-rich region is ~15 at%. Finally, in the concentration profile for the sample 
representative of the 925°C peak temperature in Figure 3-15B, the concentration of Ni in 
the Ni-rich region is ~14at%. This shows that with increasing the peak temperature of the 
thermal cycle, the Ni is diffusing out of the austenite. Since Ni is an austenite stabilizer30, 
it is suggested that the Ni diffusing out of the austenite is making the austenite less stable, 
so on cooling, the austenite transforms to martensite instead of being maintained as retained 
austenite. It is suggested that above 925°C, the Ni continues to diffuse so the Ni content is 
no longer able to stabilize the austenite, which explains why the 1000°C and 1150°C have 
hardly any detectable retained austenite. The diffusion of the Ni also helps to explain the 
trend of decreasing Ms temperature with increasing peak temperature, shown in Figure 3-3. 
With increasing peak temperature, there is less retained austenite because the Ni has 
diffused into the surrounding matrix. Therefore, on cooling the entire matrix has a higher 
concentration of Ni, whereas at lower peak temperatures the matrix Ni concentration is low 
because all of the Ni is contained along the lath boundaries. It is known that increasing the 
Ni concentration decreases the Ms temperature
31, thereby explaining the lower Ms 
temperature for higher peak temperature samples.   
 
3.3.4. Comparison of mechanical property results to 9 wt% Ni steel 
 It is of interest to compare the results presented above for 10 wt% Ni steel with 9 
wt% Ni steel, which is already well established in the field. A similar study by Nippes and 
Balaguer16 looked at the effect of weld thermal cycles on the retained austenite, toughness, 
grain size, and hardness. A summary of these results is presented in Table 3-3. Three peak 
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temperature thermal cycles were used: 500, 1000, and 1300°C. The starting base metal 
microstructure consisted of tempered martensite, with 9.4 ± 0.3 vol% retained austenite as 
measure by XRD. Heating to a peak temperature of 500°C did not change the 
microhardness, grain size or impact energy, but the retained austenite decreased to 3.9 ± 
0.6 vol%. Heating to 1000°C further decreased the retained austenite to below 1 vol%, and 
similar to 10 wt% Ni steel, the grain size became finer, which corresponded with an 
increase in microhardness. Also similar to 10 wt% Ni steel, the impact energy decreased 
with the decrease in retained austenite. Heating to a peak temperature of 1300°C showed 
grain coarsening, which correlated with a lower microhardness value than the 1000°C peak 
temperature, but the microhardness was still higher than the base metal, consistent with 10 
wt% Ni steel. This peak temperature had the same low retained austenite content as 
1000°C. However, unlike 10 wt% Ni steel where the toughness of the 1350°C sample is 
much higher than the 1000°C, for this 9 wt% Ni steel, the impact energy of 1000°C and 
1300°C are the same. This shows that for 9 wt% Ni steel, the impact energy is solely 
dependent on the retained austenite content, but the results presented in this Chapter show 
that this is not the case for 10 wt% Ni steel. Therefore, even though results for 9 wt% Ni 
steel have existed for many years, the microstructural mechanisms associated with strength 
and toughness for 10 wt% Ni steel are quite different, thus requiring research on the 





The overall objective of this research was to correlate the mechanical properties and 
microstructural evolution of simulated heat-affected zones in 10 wt% Ni steel. The 
microstructural factors influencing the mechanical properties have been discussed. The 
following conclusions can be drawn: 
1. The microstructures of the gas tungsten arc weld in Chapter 2 can be accurately 
reproduced via HAZ simulation to allow bulk mechanical property evaluation 
despite differences in the Ac1 temperature from the influence of the variable heating 
rate.  
2. By increasing the peak temperature of the thermal cycle, the volume fraction of 
retained austenite decreases. The local atom probe tomography results suggest this 
is due to the destabilization of the austenite brought on by the diffusion of Ni out 
of the austenite.  
3. The strength is the highest of all the peak temperatures in the ICHAZ regions. The 
high strength is mostly attributed to microstructural refinement, as these regions 
have the smallest effective grain size determined by EBSD. However, other 
microstructural factors are affecting the strength, which have yet to be determined 
conclusively.  
4. The toughness is the lowest in the ICHAZ regions. This low toughness is attributed 
to the smaller amount of retained austenite present in these regions when compared 
with the base metal and possibly other microstructural factors. 
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5. The sample heated to a peak temperature of 1150°C has a high toughness of 106 ft-
lbs, yet it has a retained austenite content of 1.2 vol%. This suggests that while 10 
wt% Ni steel is a TRIP-assisted steel and therefore obtains high toughness from the 
plasticity-induced martensite to austenite transformation, the toughness of the steel 
is also based on other microstructural factors.  
 
3.5. References 
1. Zhang, X. J. Microhardness characterisation in developing high strength, high 
toughness and superior ballistic resistance low carbon Ni steel. Mater. Sci. Technol. 
28, 818–822 (2012). 
2. Isheim, D., Hunter, A. H., Zhang, X. J. & Seidman, D. N. Nanoscale Analyses of 
High-Nickel Concentration Martensitic High-Strength Steels. Metall. Mater. Trans. A 
44, 3046–3059 (2013). 
3. Zackay, V. F., Parker, E. R., Fahr, D. & Busch, R. The enhancement of ductility in 
high-strength steels. Trans. Am. Soc. Met. 60, 252–259 (1967). 
4. Bhadeshia, H. K. D. H. & Honeycombe, R. W. K. in Steels Microstructure and 
Properties 223–229 (Butterworth-Heinemann, 2006). 
5. Krauss, G. Martensite in steel: strength and structure. Mater. Sci. Eng. A 273–275, 40–
57 (1999). 
6. Inoue, T., Matsuda, S., Okamura, Y. & Aoki, K. The fracture of a low carbon 
tempered martensite. Trans. Jpn. Inst. Met. 11, 36–43 (1970). 
7. Morito, S., Yoshida, H., Maki, T. & Huang, X. Effect of block size on the strength of 
lath martensite in low carbon steels. Mater. Sci. Eng. A 438–440, 237–240 (2006). 
8. Naylor, J. P. The influence of the lath morphology on the yield stress and transition 
temperature of martensitic- bainitic steels. Metall. Trans. A 10, 861–873 (1979). 
9. Morito, S., Tanaka, H., Konishi, R., Furuhara, T. & Maki, T. The morphology and 
crystallography of lath martensite in Fe-C alloys. Acta Mater. 51, 1789–1799 (2003). 
10. Kitahara, H., Ueji, R., Tsuji, N. & Minamino, Y. Crystallographic features of lath 
martensite in low-carbon steel. Acta Mater. 54, 1279–1288 (2006). 
11. Ueji, R., Tsuji, N., Minamino, Y. & Koizumi, Y. Ultragrain refinement of plain low 




12. Yu, X. et al. Characterization of microstructural strengthening in the heat-affected 
zone of a blast-resistant naval steel. Acta Mater. 58, 5596–5609 (2010). 
13. Kim, B. et al. The influence of silicon in tempered martensite: Understanding the 
microstructure–properties relationship in 0.5–0.6 wt.% C steels. Acta Mater. 68, 169–
178 (2014). 
14. Hall, E. O. The Deformation and ageing of mild steel. Proc. Phys. Soc. Sect. B 64, 
747 (1951). 
15. Petch, N. J. The cleavage strength of polycrystals. J. Iron Steel Inst. 173, 25–28 
(1953). 
16. Nippes, E. F. & Balaguer, J. P. A study of the weld heat-affected zone toughness of 
9% nickel steel. Weld. J. 65, 237s–243s (1986). 
17. Jang, J., Yang, Y., Kim, W. & Kwon, D. Evaluation of cryogenic fracture toughness 
in SMA-welded 9% Ni steels through modified CTOD test. Met. Mater. 3, 230–238 
(1997). 
18. Fuerschbach, P. W., Eisler, G. R. & Steele, R. J. Weld procedure development with 
OSLW - Optimization software for laser welding. in Fifth International Conference on 
Trends in Welding Research (1998). 
19. Eisler, G. R. & Fuerschbach, P. W. SOAR: An extensible suite of codes for weld 
analysis and optimal weld schedules. in Seventh International Conference on 
Computer Technology in Welding (1997). 
20. Bhadeshia, H. K. D. H. & Honeycombe, R. W. K. in Steels Microstructure and 
Properties 287–306 (Butterworth-Heinemann, 2006). 
21. ASTM E8/E8M-15a: Standard Test Methods for Tension Testing of Metallic 
Materials. (ASTM International, 2015). 
22. Leister, B. M., DuPont, J. N., Watanabe, M. & Abrahams, R. A. Mechanical 
Properties and Microstructural Evolution of Simulated Heat-Affected Zones in 
Wrought Eglin Steel. Metall. Mater. Trans. A 46, 5727–5746 (2015). 
23. ASTM A370-15a: Standard Test Methods and Definitions for Mechanical Testing of 
Steel Products. (ASTM International, 2015). 
24. ASTM E23 - 12c: Standard Test Methods for Notched Bar Impact Testing of Metallic 
Materials. (ASTM International, 2012). 
25. Hubbard, C. R. & Snyder, R. L. RIR - Measurement and Use in Quantitative XRD. 
Powder Diffr. 3, 74–77 (1988). 
26. Meshkov, Y. Y. in Phase transformations in steel - Volume 1: Fundamentals and 
diffusion-controlled transformations Eds. Perloma, E. and Edmonds, D., 581-618 
(Woodhead Publishing Limited, 2012). 
118 
 
27. Pavlina, E. J. & Tyne, C. J. V. Correlation of Yield Strength and Tensile Strength 
with Hardness for Steels. J. Mater. Eng. Perform. 17, 888–893 (2008). 
28. Underwood, E. in Quantitative Microscopy eds. Dehoff, R, Rhines, F.,100-101 
(McGraw-Hill Publishing, 1968). 
29. Krauss, G. in Steels - Processing, Structure, and Performance 373–403 (ASM 
International, 2015). 
30. Bhadeshia, H. K. D. H. & Honeycombe, R. W. K. in Steels Microstructure and 
Properties 71–73 (Butterworth-Heinemann, 2006). 





Table 3-1. Phase transformation information for select simulated HAZ peak temperature 
thermal cycles. Ac1 and Ac3 temperatures were determined based on Figure 3-3. Heating 
rates between 400 and 600°C determined based on thermal cycles in Figure 3-1. 
Peak Temperature Ac1 temperature Ac3 temperature Heating rate 
725°C 570°C --- ~341°C/s 
1000°C 523°C --- ~933°C/s 
1150°C 511°C 1035°C ~1311°C/s 
1350°C 528°C 1080°C ~1890°C/s 
 
Table 3-2. The calculated effective grain size results based on the EBSD IPF maps in 
Figure 3-8. 
Sample Effective grain size 
Base Metal 1.31 µm 
725°C peak temperature 0.82 ± 0.06 µm 
825°C peak temperature 0.81 ± 0.02 µm 
925°C peak temperature 0.72 ± 0.03 µm 
1000°C peak temperature 0.84 ± 0.03 µm 
1150°C peak temperature 1.31 ± 0.1 µm 
 
Table 3-3. Summary of mechanical properties for 9 wt% Ni steel weld simulations from 
































Figure 3-1. SmartWeld calculated thermal cycles for a heat input of 1500J/mm. The peak 
temperature HAZ designations are based on the results of the heating rate study in 
Chapter 2.  
 
 
Figure 3-2. Double reduced geometry used for tensile tests of simulated heat affected 
zone specimens. All dimensions are in mm.  
  





Figure 3-3. Example dilation as a function of temperature plots for the peak temperature 
HAZ thermal cycles shown in Figure 3-1. (A) Peak temperature of 725°C; (B) peak 
temperature of 1000°C; (C) peak temperature of 1150°C; and (D) peak temperature of 
1350°C. (A) and (B) are ICHAZ temperatures, (C) is the either the ICHAZ or the 
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Figure 3-4. SEM micrographs of the simulated peak temperature HAZ cycles. (A) 550°C; 
(B) 725°C; (C) 825°C; (D) 925°C; (E) 1000°C; (F) 1150°C; (G) 1250°C; (H) 1350°C. 
 
 
Figure 3-5. Variation in retained austenite, yield strength, and Charpy impact toughness 
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Figure 3-6. Scanning electron fractographs of select regions of the HAZ. (A) 925°C peak 





41 ± 1 ft-lbs 
59 ± 13 ft-lbs 106 ± 6 ft-lbs 





Figure 3-7. (A) Tensile strength as a function of hardness and (B) yield strength as a 
function of hardness for the simulated peak temperature HAZ samples. 
  











































































Figure 3-8. EBSD inverse pole figure maps from (A) base metal; (B) 725°C; (C) 825°C; 
(D) 925°C; (E) 1000°C; and (F) 1150°C. Black lines on maps are boundaries with 





Figure 3-9. (A) Variation in yield strength and effective grain size measured using EBSD 
as a function of peak temperature. (B) Variation in Charpy impact energy and effective 













 Effective grain size (µm)
 Yield Strength (ksi)














































 Effective grain size (µm)
 Charpy impact energy (ft-lbs)



















































Figure 3-10. (A) Higher magnification SEM micrograph correlating features in the 




Figure 3-11. (A) Higher magnification SEM micrograph correlating features in the 














Figure 3-12. (A) Higher magnification SEM micrograph correlating features in the 










Figure 3-13. Local electrode atom probe tomography results. (A) 3D-APT reconstruction 
of the base metal. Fe atoms are in blue, Ni atoms are in green, Mo and Cr are in red and 
pink, respectively. (B) Proxigram concentration profiles across the Ni-10 at% 
isoconcentration surface. (C) Proxigram concentration profiles across the (C+Cr+Mo)-




Fe – Blue 
Ni – Green 
Mo – Red 





Figure 3-14. Local electrode atom probe tomography results for the microstructure 
represented in the 825°C peak temperature sample. (A) 3D-APT reconstruction. Fe atoms 
are in blue, Ni atoms are in green, Mo and Cr are in red and pink, respectively. (B) 
Proxigram concentration profiles across the (C+Cr+Mo)-10at% isoconcentration surface, 
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Figure 3-15. Local electrode atom probe tomography results for the microstructure 
represented in the 925°C peak temperature sample. (A) 3D-APT reconstruction. Fe atoms 
are in blue and Ni atoms are in green. (B) Proxigram concentration profiles across the Ni-
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